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ABSTRACT 
The B1-NaCl structure group IVB transition metal (TM) nitrides are well known 
to have a remarkable range of unique physical properties and thus find their place in a 
variety of applications including hard wear-resistant coatings on cutting tools, diffusion 
barriers in microelectronics, and selectively-transmitting abrasion-resistant optical layers. 
By employing kinetically-limited growth techniques including low growth temperatures 
(Ts/Tm≲0.25) and high deposition rates, metastable TM nitride alloys can be synthesized 
and have shown to exhibit extraordinary physical properties. The most famous example is 
Ti1-xAlxN; many have reported drastically enhanced hardness, age-hardening behavior, 
elevated oxidation resistance, and the ability to tune the optical and electronic properties 
by varying the AlN content. Many of these desirable properties are accompanied by the 
formation of self-organized nanostructures, due to the onset of spinodal decomposition. 
However, very little has been reported regarding systematic studies on the effects of self-
organized nanostructure formation, as well as the addition of semiconducting AlN into 
metallic TM nitrides, on fundamental physical properties due to the lack of high-quality 
single-crystals. HfN is the highest melting point (Tm = 3330 °C), largest negative heat of 
formation (
! 
"H298o  = -88.2 kcal mol-1), and one of the highest hardness (H = 25.3 GPa) 
TM nitrides. Furthermore, HfN and AlN are immiscible at equilibrium, (a prerequisite for 
nanostructured composites) and the lattice mismatch (! = 9.8%) is much larger than that 
between TiN and AlN (! = 2.9%), giving rise to much larger thermodynamic driving 
forces for phase segregation.  
Our group has developed a unique approach to synthesizing, at low temperatures 
(Ts/Tm≲0.25), a wide-range of single-crystal TM nitrides by employing high-fluxes 
! """!
(Ji/Jme≳5) of low-energy (~10-50eV) ion bombardment during high-rate reactive 
magnetron sputter deposition. This growth scenario has the effect of extending the single-
phase solid-solubity limits of metastable epitaxial TM nitrides thereby allowing for the 
exploration of a wide-range of alloy compositions. 
Thus, I use this approach to synthesize single-crystal Hf1-xAlxN(001), in order to 
conduct a systematic investigation into the effects of alloy composition x and high-flux 
low-energy ion irradiation on the nanostructuring and physical properties of metastable 
TM nitride alloys. Single-crystal metastable Hf1-xAlxN(001) layers with 0 " x " 0.50 
grown at 600 °C on MgO(001) crystallize in the B1 NaCl-structure with cube-on-cube 
epitaxial relationship to MgO(001) substrates: (001)HfAlN||(001)MgO and 
[100]HfAlN||[100]MgO. The relaxed lattice parameter of Hf1-xAlxN(001) decreases with 
increasing x, ranging from 0.4519 nm for x = 0 to 0.4438 nm for x = 0.50. In the low 
AlN-content region, with 0 " x " 0.17, Al is randomly distributed throughout the cation 
sublattice. This creates small changes in the electronic properties due to increased alloy 
scattering and enhanced crystalline quality. With x # 0.19, there is a step-wise increase in 
!300K(x) to 75 µ$-cm and TCR decreases, due to increased carrier scattering resulting 
from the formation of compositionally-modulated HfN- and AlN-rich nanodomains. The 
hardness H of Hf1-xAlxN is also dominated by the nanostructure formation, undergoing a 
~30% increase to 32.4 ± 0.7 GPa with x = 0.29. As x increases to 0.32, !300K(x) increases 
to 299 µ$-cm, Neff decreases linearly, and TCR becomes negative. The Bruggeman 
effective medium approximation is used to interpret the dielectric response of Hf1-xAlxN 
layers. With 0.21 " x " 0.32, the material can be described as a percolated network of 
spherical metallic clusters, and thus films are metallic. With x " 0.37, the volume fraction 
! "#!
of metallic HfN drops below the percolation limit and induces drastic changes in the 
electronic properties. Neff becomes temperature-dependent and drops two orders of 
magnitude, while !(T) increases rapidly with decreasing T; both are indicative of carrier 
localization. 
The effect of high-flux (Ji/Jme = 8) low-energy (Ei = 10-40 eV) ion irradiation 
during film growth has a strong effect on the composition of Hf1-xAlxN(001) layers. The 
composition of Hf1-xAlxN(001) layers grown by reactive sputter deposition from a 
Hf0.7Al0.3 alloy target vary from x = 0.3 with Ei = 10 eV, to 0.27 with Ei = 20 eV, 0.17 
with Ei = 30 eV, and " 0.002 with Ei # 40 eV. This remarkably large change in AlN 
incorporation probability (> two orders of magnitude!) is due to the efficient resputtering 
of deposited Al atoms (27 amu) by Ar+ ions (40 amu) backscattered from heavy Hf atoms 
(178.5 amu) in the film. This provides a novel and robust reaction pathway for 
synthesizing, at high deposition rates, compositionally-complex heterostructures, 
multilayers, and superlattices from a single alloy target simply by controllably switching 
Ei. For multilayer and superlattice structures, the choice of Ei values determines the alloy 
composition while the period of ion incidence determines individual layer thicknesses. 
This growth scenario has the effect of superimposing a 2D engineered heterostructure on 
the 3D self-organized nanostructure within the individual Hf0.7Al0.3N superlattice layers. 
This allows further optimization of the mechanical properties of Hf1-xAlxN alloys, as the 
hardness H of Hf0.7Al0.3N/HfN(001) multilayers increases from 32.5±0.9 GPa with 
bilayer thickness % = 6.2±0.2 nm to a maximum of 38±1 GPa with % = 2  nm.  
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CHAPTER 1 
INTRODUCTION 
1.1 Introduction 
Transition-metal (TM) nitrides are well known for their remarkable physical 
properties including high hardness and mechanical strength, chemical inertness, high-
temperature stability, and electrical resistivities that vary from metallic to semiconducting. 
As a result, they are widely studied and have become technologically important for 
applications such as hard wear-resistant coatings on cutting tools, diffusion barriers in 
microelectronic devices, corrosion-resistant decorative coatings, and anti-abrasion layers 
for optical components. Such diverse applications are fuelling intense ongoing scientific 
interest into the synthesis and properties of these compounds. Among the large family of 
TM-nitrides, the group-IVB nitrides -- TiN, ZrN, and HfN -- have elicited particular 
interest because of their low electrical resistivities (ρ < 20 µΩ-cm) due to partially-filled 
TM d orbitals [1], their excellent mechanical properties resulting primarily from the 
covalent component of the bonding between TM and N [2,3], and their distinctive gold 
color as a result of interband transitions combined with a high reflectance in the red and 
infrared [2,4]. Reactive magnetron sputtering (RMS), due to its inherent capability for 
low-temperature deposition at relatively high growth rates, is currently the primary 
technique used for growing TM nitride layers.  
Recently, an active area of research has involved the introduction of complexity 
into TM nitrides by the addition of a second, thermodynamically-immiscible alloying 
component in order to form metastable binary TM nitride compounds with enhanced and 
tunable physical properties. The proper choice of materials system, combined with 
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precise control of kinetically-limited growth regimes including low growth temperatures 
and high deposition rates, allow for the formation of novel metastable TM nitrides with 
extraordinary properties.  
Ti1-xAlxN has been the most successful and widely studied metastable binary TM 
nitride in which AlN is added to TiN in order to increase the resistance to high-
temperature oxidation [5]. Detailed studies showed that this was due to the formation of a 
surface passivating Al-rich oxide overlayer and Ti-rich oxide underlayer that prevents 
spalling and subsequent film degradation [6]. In addition, annealing studies of arc-
evaporated Ti0.34Al0.66N coatings revealed age-hardening behavior whereby an increase in 
hardness was observed at temperatures Ts ≈ 900 °C [7]. This phenomenon was shown to 
be due to the formation of coherent nano-scale TiN- and AlN-rich domains that create 
interfacial strain within the crystal lattice and increase film hardness. This precedes the 
elevated-temperature (Ts ≳ 900 °C) bulk precipitation of the thermodynamically stable 
incoherent hexagonal (wurtzite) AlN phase, grain growth, and subsequent decrease in 
hardness [7]. Furthermore, self-organized nanostructures have also been observed in as-
deposited single-crystal Ti0.5Al0.5N, due to a surface-initiated onset of spinodal 
decomposition due to the use of high-flux, low-energy ion bombardment during reactive 
magnetron sputter deposition from a Ti0.5Al0.5 target [8]. However, the formation of self-
organized nanostructures in as-deposited layers, as well as the effects of the 
nanostructures on fundamental film properties are yet to be systematically investigated. 
I have chosen the metastable alloy Hf1-xAlxN as a model system to study the 
effects of alloy composition and low-energy ion-induced nanostructure formation on the 
physical properties of single-phase NaCl structure TM nitride films. The choice of  
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Hf1-xAlxN is motivated by the fact that (1) HfN is the highest melting point, largest 
negative heat of formation, and the highest-hardness thermodynamically stable B1-cubic 
TM nitride and (2) HfN is immiscible at equilibrium with AlN (a prerequisite for the 
nanostructures of interest). Furthermore, the lattice mismatch between HfN and AlN 
(~10%) is much larger than that of TiN and AlN (~3%), giving rise to much larger 
driving forces for phase segregation [9]. I expect this research will lead to a more 
fundamental understanding of the effects of alloy composition and high-flux low-energy 
ion irradiation on self-organized nanostructure formation and physical properties in order 
to develop new reaction pathways for synthesizing complex nanostructured thin films 
with controllably engineered physical properties. 
This research project has two primary goals. The first is to develop a detailed 
understanding of the growth and physical properties of well-characterized epitaxial  
Hf1-xAlxN layers as a function of x. In order to determine the single-phase composition 
field under highly non-equilibrium growth conditions involving low substrate 
temperatures (Ts/Tm ≲ 0.2, for HfN where Tm is the melting point, 3660 K (Ref. 10) and 
high-flux (Ji/Jme ≈ 8) low-energy (Ei = 25eV) ion bombardment, I first grew epitaxial Hf1-
xAlxN layers in which x is varied from 0 to 0.54, on MgO(001) substrates using 
magnetically-unbalanced ultrahigh vacuum (UHV) reactive sputter co-deposition from 
elemental Hf and Al targets. The 001 orientation is chosen since it is the low energy 
surface for NaCl-structure TM nitrides [11-17]. During initial experiments, I investigated 
the reactive sputtering of Hf and Al in mixed N2/Ar discharges by measuring changes in 
plasma properties and target surface chemistry as a function of the N2 fraction fN2 in the 
discharge. The Hf to Al ratio in as-deposited films was then controlled by the relative 
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power applied to the two symmetrically-positioned 5-cm-diameter water-cooled Al 
(99.999% purity) and Hf (99.9% purity, excluding 3% Zr, the usual impurity in Hf) 
targets. For epitaxial Hf1-xAlxN(001) layers, I determined relaxed lattice parameters, x-ray 
coherence lengths, room-temperature and temperature-dependent electrical resistivities, 
superconducting transition temperatures, carrier densities and mobilities, hardness and 
elastic moduli as a function of x. Films with 0 ≤ x ≤ 0.17 are random Hf1-xAlxN solid 
solutions with moderate changes in film properties. The onset of spinodal decomposition, 
observed as compositional modulated coherent HfN-rich and AlN-rich domains ~ 1.5 nm 
in diameter in layers with x ≳ 0.2, results in abrupt changes in the optical properties, 
while gradual changes occur in the electronic properties up to x ≈ 0.37.  
The second goal of this research program is to develop a fundamental 
understanding of the effects of low-energy (10-80 eV) ion irradiation on self-organized 
nanostructure formation in single-phase metastable multicomponent TM nitride 
compounds. For this purpose, I grew single crystal Hf0.7Al0.3N layers on MgO substrates 
and investigated the role of low-energy ion irradiation on film micro- and nanostructure, 
as well as mechanical properties. The composition x = 0.30 was chosen due to the self-
organized coherent nanostructure present in Hf1-xAlxN alloys with x ≳ 0.2, as mentioned 
above, and discussed further in Chapter 4.  
Finally, and as a result of this research, I establish a novel approach to 
controllably manipulating the AlN incorporation probability in Hf1-xAlxN(001) alloys by 
varying the ion energy Ei incident at the growing film during reactive sputter deposition 
from a Hf0.7Al0.3 alloy target, over a narrow range Ei = 10-40 eV. I demonstrate how this 
technique can be used to grow complex TM nitride heterostructures and superlattices at 
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high deposition rates, with abrupt interfaces, from a single alloy target, simply by 
modulating Ei. Here, the proper choice of ion energy determines the composition, while 
the period of ion incidence determines layer thicknesses. From this work, I show that by 
combining both 3D-self-organized and 2D-engineered nanostructures, the mechanical 
properties of Hf1-xAlxN(001) layers can be significantly enhanced. 
The research results presented in this dissertation can be grouped into four 
primary areas: (1) understanding the reactive sputtering of Hf and Al in mixed N2/Ar 
atmospheres, (2) growth, crystallinity, and self-organized nanostructuring of single-
crystal Hf1-xAlxN layers grown on MgO(001), (3) determination of intrinsic physical 
properties of epitaxial Hf1-xAlxN(001) layers as a function of film composition x, and (3) 
investigation of the effects of low-energy ion-irradiation on the composition, growth, and 
crystallinity of single-crystal Hf1-xAlxN(001) layers. Finally, and as a result of this 
research, (4) I develop a unique reaction pathway for synthesizing complex 
heterostructures involving 3D-self-organized nanostructures superimposed with a 2D-
nanoengineered heterostructure in order to controllably manipulate – at the nanoscale – 
the physical properties of metastable single-crystal Hf1-xAlxN layers. 
1.2 Summary of results 
In Chapter 3, I describe the experimental procedure including the film growth 
systems utilized together with plasma characterization, Hf1-xAlxN deposition, and sample 
analysis. Hf1-xAlxN layers were grown as a function of x from x = 0 to x = 0.54 in a load-
locked multi-chamber UHV stainless-steel DC reactive magnetron cosputter deposition 
system. A second load-locked multi-chamber UHV stainless-steel DC reactive magnetron 
sputter deposition system was used to deposit, from a single Hf0.7Al0.3 alloy target,  
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Hf1-xAlxN(001) layers with x = 0 to x = 0.3, as well as Hf0.7Al0.3N/HfN(001) superlattices 
by controllable manipulation of the AlN incorporation probability during high-rate 
reactive sputter deposition using high-flux low-energy (10-40 eV) ion bombardment. 
MgO(001) substrates are used for the growth of all epitaxial films. Phase composition, 
micro- and nano-structure of as-deposited Hf1-xAlxN and Hf0.7Al0.3N/HfN superlattice 
layers are determined using a combination of Rutherford backscattering spectrometry 
(RBS), x-ray diffraction (XRD), high-resolution reciprocal lattice mapping (HR-RLM), 
cross-sectional transmission electron microscopy (XTEM), high-resolution XTEM (HR-
XTEM), Z-contrast scanning TEM (STEM), high-resolution Z-contrast scanning TEM 
(HR-STEM), and Raman spectroscopy. Four-point probe, Hall-effect, nanoindentation, 
optical reflection and transmission spectroscopy, and spectroscopic ellipsometry are used 
to obtain fundamental physical properties including room-temperature and temperature-
dependent electrical resistivity, superconducting transition temperature, carrier density 
and mobility, hardness, and elastic modulus.  
For epitaxial Hf1-xAlxN(001) layers with 0 ≤ x ≤ 0.50 grown by reactive sputter 
deposition from elemental Hf and Al targets, the choice of deposition parameters is 
crucial in order to obtain phase-pure layers over a wide range in x. Thus, in Chapter 4, I 
characterize the reactive sputtering of Hf and Al in N2/Ar mixtures by investigating 
plasma properties and target surface chemistry versus fN2.  
Chapter 4 also presents the results of an investigation of the growth, crystallinity, 
and self-organized nanostructuring of Hf1-xAlxN layers with 0 ≤ x ≤ 0.54 deposited at Ts = 
600 °C with fN2 = 0.1 and ion-to-metal flux ratios Ji/Jme ≈ 8. HR-RLM, as well as HR-
TEM and HR-STEM cross-sectional analyses show that the films with 0 ≤ x ≤ 0.50 are 
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fully-relaxed single crystals with a cube-on-cube epitaxial relationship to the substrate, 
(001)HfAlN/HfN||(001)MgO and [100]HfAlN/HfN||[100]MgO. With x ≥ 0.54, and under the 
deposition conditions investigated, epitaxial growth is lost and films are fine-grained 
mixtures of cubic-HfN and wurtzite-AlN.  
Hf1-xAlxN has a remarkably broad single-phase field, given the large lattice 
mismatch (~10%) between the two alloy components. Adding moderate amounts of AlN 
to HfN (x ≤ 0.17) leads to an initial increase in crystalline quality as indicated by 
increased in-plane ξ|| and out-of-plane ξ⊥ x-ray coherence lengths. Further additions of 
AlN (x ≳ 0.2) results in the formation of coherent compositionally-modulated HfN- and 
AlN-rich domains, formed due to the onset of surface-initiated spinodal decomposition, 
which exhibit a characteristic length scale of ~1.5 nm (as observed in HR-STEM) and are 
accompanied by a continuous decrease in ξ|| and ξ⊥. Nevertheless, the epitaxial layers are 
of high crystalline quality with relatively large x-ray coherence lengths and low mosaicity. 
The relaxed lattice parameter decreases with increasing x, from 0.4519 nm with x = 0 to 
0.4438 nm with x = 0.50. Raman analyses of epitaxial Hf1-xAlxN(001) layers are 
compared with data obtained from single-crystal HfNx layers on MgO(001) grown by 
reactive unbalanced magnetron sputter deposition [18,19]. 
In Chapter 5, I investigate the mechanical, optical, and electonic properties of 
epitaxial Hf1-xAlxN(001) layers by nanoindentation, optical reflection and transmission 
spectroscopy, spectroscopic ellipsometry, room-temperature four point probe, 
temperature-dependent resistivity and Hall-effect measurements. From analyses of 
nanoindentation results, there is an overall decrease in the elastic modulus E of Hf1-xAlxN, 
from 405±6 GPa with x = 0 to 336±7 with x = 0.50, while the hardness H remains 
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essentially constant at 24.7±0.8 GPa for 0 ≤ x ≤ 0.17. Further additions of AlN (x ≥ 0.29) 
lead to ~ 30 % increase in H to 32.4±0.7 GPa.  
In the low AlN-content region, with 0 ≤ x ≤ 0.17, Al is randomly distributed 
throughout the cation sublattice. This creates small changes in the electronic properties 
due to increased alloy scattering and enhanced crystalline quality. With x ≥ 0.19, there is 
a step-wise increase in ρ300K(x) to 75 µΩ-cm and TCR decreases, due to increased carrier 
scattering resulting from the formation of coherent compositionally-modulated HfN- and 
AlN-rich nanodomains. Electronic transport measurements show that Hf1-xAlxN(001) 
with 0 ≤ x ≤ 0.32 are metallic with ρ300K(x) ranging from 13.1 with x = 0 to 299 µΩ-cm 
with x = 0.32, and n-type temperature-independent carrier concentrations Neff (x) ranging 
from 7.0×1022 cm-3 with x = 0 to 2.0×1022 cm-3 with x = 0.32. The hardness H of Hf1-
xAlxN is also dominated by the nanostructure formation, undergoing a ~30% increase to 
32.4 ± 0.7 GPa with x = 0.29. The Bruggeman effective medium approximation is used to 
interpret the dielectric response of Hf1-xAlxN layers. With 0.21 x ≤ 0.32, the material can 
be described as a percolated network of spherical metallic clusters, and thus films are 
metallic. With x ≥ 0.37, the volume fraction of metallic HfN drops below the percolation 
limit and induces drastic changes in the electronic properties. Neff becomes temperature-
dependent and drops two orders of magnitude, while ρ(T) increases rapidly with 
decreasing T; both are indicative of carrier localization.  
In Chapter 6, I investigate the effect of low-energy (Ei = 10-40 eV) ion irradiation 
during film growth on the composition, micro- and nanostructure of Hf1-xAlxN(001) 
layers grown by reactive sputter deposition from a single metallic Hf0.7Al0.3 alloy target. 
By adjusting the ion energy incident at the growing film surface over a narrow range, 10 
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– 40 eV, the AlN incorporation probability σAlN is controllably manipulated between ~0 
and 100%. Epitaxial film compositions vary from x = 0.3 with Ei = 10 eV, to 0.27 with Ei 
= 20 eV, 0.17 with Ei = 30 eV, and ≤ 0.002 with Ei ≥ 40 eV. This extraordinary range in 
real-time manipulation of film chemistry during deposition is due to the efficient 
resputtering of deposited Al atoms (27 amu) by incident Ar+ ions (40 amu) backscattered 
from heavy Hf atoms (178.5 amu) in the film. This remarkably large change in AlN 
incorporation probability (> two orders of magnitude!) provides a novel and robust 
reaction pathway for synthesizing, at high deposition rates, compositionally-complex 
heterostructures, multilayers, and superlattices with abrupt interfaces from a single alloy 
target by controllably switching the kinetic energy Ei of ions incident at the film growth 
front. For multilayer and superlattice structures, the choice of Ei values determines the 
layer compositions and the period of ion incidence controls individual layer thicknesses.  
Chapter 7 implements the findings of Chapter 6 via a detailed investigation into 
the growth and physical properties of a series of Hf0.7Al0.3N/HfN(001) superlattices, with 
bilayer periods Λ ranging from 1 to 6 nm, grown by controllably manipulating the AlN 
content during growth using high-flux low-energy (10-40eV) ion irradiation. High-
quality epitaxial Hf0.7Al0.3N/HfN layers are grown on MgO(001) at 450 °C using 
ultrahigh-vacuum magnetically-unbalanced reactive magnetron sputter deposition from a 
Hf0.7Al0.3 alloy target in 5% N2/Ar mixtures at a total pressure of 20 mTorr. The 
experiment was designed to produce layers with average alloy compositions <x> ≈ 0.15 
so that comparisons can be made to bulk Hf0.85Al0.15N(001) alloy films grown under 
similar conditions, but without modulation of the alloy content. High-resolution 
reciprocal lattice maps (HR-RLMs) as well as high-resolution TEM and STEM cross-
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sectional analyses show that the films are fully-relaxed single crystals with a cube-on-
cube epitaxial relationship to the substrate, (001)HfAlN/HfN||(001)MgO and 
[100]HfAlN/HfN||[100]MgO. The physical properties of Hf1-xAlxN(001) layers can be 
significantly enhanced by modulating the ion-energy during film growth to create 
superlattice structures with abrupt interfaces. Ei incident at the growing film is varied 
from 10 to 40 eV, while Ji/Jme is maintained at 8. Nanoindentation results of 
Hf0.7Al0.3N/HfN(001) superlattices reveal that the film hardness increases from 32.5±0.9 
GPa for Λ = 6.2±0.2 nm to a maximum of 38±1 GPa for Λ = 2-3  nm.  
The results of my research are also summarized in the following articles and 
publications:  
Chapter 4. B. Howe, J. Bareño, M. Sardela, J. G. Wen, J. E. Greene, L. Hultman, A. A. 
Voevodin, and I. Petrov, “Growth and physical properties of epitaxial metastable  
Hf1-xAlxN layers on MgO(001) by ultrahigh vacuum reactive magnetron sputtering,” Surf. 
Coat. Technol. 202, 809 (2007) and in part, M. Stoehr, B. M. Howe, I. Petrov, and J. E. 
Greene, “Raman scattering from epitaxial Hf1-xAlxN/MgO(001) alloys,” in preparation. 
Chapter 5. B. M. Howe, T. Oates, H. Arwin, L. Hultman, J. E. Greene, and I. Petrov, 
“Optical and electronic properties of Hf1-xAlxN/MgO(001) alloys ,” in preparation. 
Chapter 6. B. M. Howe, E. Sammann, J. G. Wen, T. Spila, J. E. Greene, L. Hultman, and 
I. Petrov, “Real-time control of AlN incorporation in epitaxial Hf1-xAlxN using high-flux, 
low-energy (10-40eV) ion bombardment during reactive magnetron sputter deposition 
from a Hf0.7Al0.3 alloy target,” Acta Materialia, in press. 
Chapter 7. B. M. Howe, E. Sammann, J. G. Wen, L. Hultman, J. E. Greene, and I. Petrov, 
“Epitaxial Hf0.7Al0.3N/HfN(001) superlattices grown by reactive sputter deposition from a 
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Hf0.7Al0.3 alloy target using high-flux modulated low-energy (10-40eV) ion 
bombardment,” in preparation. 
In addition, the following papers, not contained in this dissertation, discuss further 
results that were obtained during the course of my research: 
1. B. M. Howe, S. A. Puttnam, L. Hultman, J. E. Greene, and I. Petrov, “Elastic 
constants of single-crystal Hf1-xAlxN(001) (0 ≤ x ≤ 0.5) determined as a function of x 
by picosecond ultrasonic measurements,” in preparation. 
2. B. M. Howe, S. A. Puttnam, L. Hultman, A. A. Voevodin, J. E. Greene, and I. Petrov, 
“Thermal transport properties of single-crystal Hf1-xAlxN(001) (0 ≤ x ≤ 0.5) 
determined as a function of x by picosecond ultrasonic measurements,” in 
preparation. 
3. B. M. Howe, S. Puttnam, A. A. Voevodin, L. Hultman, J. E. Greene, and I. Petrov, 
“Thermal transport properties of single-crystal Hf0.7Al0.3N/HfN(001) superlattices 
(1.0 nm ≤ Λ ≤ 6.2 nm) determined as a function of bilayer period Λ by picosecond 
ultrasonic measurements,” in preparation. 
4. B. M. Howe, J. G. Wen, J. E. Greene, L. Hultman, and I. Petrov, “Effect of high-flux 
low-energy ion bombardment on the properties and nanostructuring of single-crystal 
Hf0.7Al0.3N/MgO(001) layers,” in preparation. 
5. T.-Y. Lee, H.-S. Seo, H. Hwang, B. M. Howe, S. Kodambaka, J. E. Greene, and I. 
Petrov, “Fully strained low-temperature epitaxy of TiN/MgO(001) layers using high-
flux, low-energy ion irradiation during reactive magnetron sputter deposition,” Thin 
Solid Films 518, 5169 (2010). 
6. A. P. Ehiasarian, B. M. Howe, and I. Petrov, “Influence of bombardment energy on 
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the growth of CrN films by reactive magnetron sputtering and high power impulse 
magnetron sputtering,” in preparation. 
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CHAPTER 2 
BACKGROUND 
2.1 Properties of epitaxial group-IVB TM nitrides  
Among the family of group-IVB TM nitrides, TiN has received by far the most 
attention and is presently used commercially in a wide range of applications including 
(but not limited to) hard wear-resistant coatings, diffusion barriers, and optical coatings. 
TiN(001) is metallic with a room temperature resistivity ρ300K = 13 µΩ-cm [1,2], a 
hardness H of 20.5 GPa, and an elastic modulus E of 445 GPa. [3,4]. The single-phase 
field of NaCl-structure δ-TiNx extends over a wide range of compositions with N/Ti 
ranging from 0.6 [5-7] to 1.2 [5,8]. The physical properties of TiNx films are strong 
functions of the N/Ti ratio [3,5,9-10]. The minimum resistivity for epitaxial TiN(001), 
ρ300K ≥ 13 µΩ-cm, is obtained at the stoichiometric composition [3]. The overall 
composition dependence of the resistivity of polycrystalline and epitaxial TiNx, with the 
lowest value at x = 1, is typical for TM nitrides, including the other members of the IVB-
VA group: ZrNx [11] and HfNx [12], and are displayed in Fig. 2.1. Ab initio density 
function calculations [9,13] have shown that for TiNx, the increase in ρ300K as the 
composition deviates from stoichiometry is primarily due to scattering from N and Ti 
vacancies.  
ZrNx, although less well studied, has also been grown as single- and 
polycrystalline thin films and their properties reported [14-17]. For example, epitaxial 
ZrN films grown on Si(001) at 500 °C have an electrical resistivity of 17 µΩ-cm [17]. 
Single crystal stoichiometric ZrN layers grown on MgO(001) by reactive magnetron 
sputtering exhibit a hardness of 24.2 GPa [18]. 
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HfN, however, has the highest melting point and the largest heat of formation  
(-88.2 kcal/mol) among the transition-metal nitrides, and until recently has been left 
relatively unexplored. Seo et. al. demonstrated the growth of high-quality single-crystal 
HfNx layers on MgO(001) despite the relatively large lattice mismatch between the film 
and the substrate (~10%) [19]. HfNx layers with 0.80 ≤ x ≤ 1.38 grown at 650 °C (Ts /Tm 
≈ 0.25) by reactive unbalanced magnetron sputter deposition crystallize in the B1 NaCl-
structure with a cube-on-cube epitaxial relationship to MgO(001) substrates: 
(001)HfN||(001)MgO and [100]HfN||[100]MgO, while films with 1.24 ≤ x ≤ 1.50 contain a N-
rich second phase. The relaxed bulk lattice parameter of HfNx(001) decreases only 
slightly with increasing N/Hf ratio, ranging from 0.4543 nm with x = 0.80 to 0.4517 nm 
with x = 1.20. 
The room-temperature resistivity ρ300K of stoichiometric HfN(001) is 14.2 µΩ cm 
and ρ300K(x) increases with both increasing and decreasing x to 140 µΩ cm with x = 0.80 
and 26.4 µΩ cm with x = 1.20. The H and E for stoichiometric HfN(001) are 25.2 and 
450 GPa, respectively. Both values are larger than those for epitaxial TiN(001), 21 and 
445 GPa, respectively. H(x) initially increases for both over- and understoichiometric 
layers due to defect-induced hardening with a maximum value of 32 GPa at x = 1.32, 
while E(x) remains essentially constant. Single-phase HfNx(001) is metallic with a 
positive temperature coefficient of resistivity (TCR) between 50 and 300 K, a 
temperature-independent carrier density, and superconducting with the highest critical 
temperature, 9.18K, obtained for layers with x = 1.00. In the two-phase regime, ρ300K(x) 
ranges from 59.8 µΩ cm with x = 1.24 to 2710 µΩ cm with x = 1.50. TCR becomes 
  16 
negative with x ≥ 1.38, no superconducting transition is observed, and both H and E 
decrease. 
2.2 Metastable Ti1-xAlxN and Hf1-xAlxN binary TM nitride alloys 
Despite the numerous studies on the growth and physical properties of TMN thin 
films to date, industries’ increasingly stringent demands for superior coating performance 
continues to drive new investigations of TM nitrides and related alloys to discover novel 
materials with enhanced properties. One pathway to further improve the physical 
properties of group-IVB TM nitrides is to alloy them with a thermodynamically-
immiscible binary nitride to form metastable pseudo-binary compounds with tunable 
physical properties.  
Introducing complexity to form metastable TMN coatings in order to tailor their 
physical properties to specific applications has become an active area of research [20,21]. 
The physical properties of nanocrystalline solids are quite different from those of bulk 
large-grained materials and depend strongly on crystallite size and shape [ 22 ]. 
Multicomponent [23-26], multiphase [27-32], 2D- [33-35], and 3D-nanostructured hard 
coatings [36-38] have been synthesized with extreme properties such as ultrahardness and 
ultratoughness [39,40], high ductility [41,42], and ultra wear-resistance [43]. 
Ti1−xAlxN is one of the most commercially successful multicomponent TM nitride 
alloy coatings. AlN was initially introduced to increase the high-temperature oxidation 
resistance of TiN. Figure 2.2 shows the results of thermo-gravimetric oxidation rate 
measurements [44] for TiN, Ti0.46Al0.54N, Ti0.44,Al0.53Cr0.03N, and Ti0.43Al0.52Cr0.03Y0.02N 
layers. The onset of rapid oxidation Tox of TiN occurs at Tox ~ 600 oC while Tox for 
Ti0.46Al0.54, Ti0.44,Al0.53Cr0.03N, and Ti0.43Al0.52Cr0.03Y0.02N alloys increases to 870, 920 
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and 950 oC, respectively. For Ti1−xAlxN coatings, it was found, in agreement with 
previous marker experiments [45], that the enhanced oxidation resistance is due to a 
protective bilayer that forms consisting of a passivating Al-rich surface oxide and a Ti-
rich oxide underlayer.   
While TiN crystallizes in the cubic B1-NaCl structure, the equilibrium structure 
for AlN is hexagonal wurtzite, thus cubic Ti1−xAlxN alloys are metastable. The solid 
solubility of TiN and AlN is extremely limited, as indicated by the absence of a solid-
solution tie-line between TiN and AlN in the equilibrium Ti-Al-N phase diagram 
presented in Fig. 2.7(a) [46]. However, AlN-concentrations up to x = 0.52 have been 
obtained in cubic Ti1−xAlxN alloy films grown by sputter deposition at Ts = 500 °C [47], 
while x ~ 0.6–0.7 was reported for arc-evaporated coatings at Ts = 400–450 °C [48]. At 
higher x-values, PVD-deposited coatings are a mixture of a TiN-rich B1-NaCl phase and 
an AlN-rich wurtzite phase with grain sizes decreasing into the nanoscale region [49].  
Phase separation of metastable Ti1−xAlxN alloys can involve spinodal 
decomposition. As an example of surface-initiated spinodal decomposition occurring 
during growth, Figure 2.3 shows (a) plan-view and (b) cross-sectional TEM micrographs, 
with corresponding selected-area electron diffraction (SAED) patterns, of a Ti0.5Al0.5N 
film grown at Ts = 540 °C with an ion-to-metal flux ratio of Ji /Jme = 10 and Ei = 22 eV 
[50]. Although the SAED patterns indicate a single-phase epitaxial structure with the 
same lattice parameter as that obtained from films grown at lower temperatures, the 
XTEM micrographs show a regular laminar fine structure with a period of ~ 2.2 nm. The 
thin platelets are rectangular with edges primarily along [1 0 0] and [0 1 0] directions. 
The intensity modulation present in the micrographs is due to atomic number and strain 
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contrast resulting from the formation of coherent TiN- and AlN-rich regions, which 
precede bulk phase separation at slightly higher growth temperature. 
The fact that the platelets extend only in the [0 0 1] growth direction indicates that 
the compositional modulation is initiated at the surface, during deposition, rather than in 
the bulk of the film. It should be pointed out that the process of spinodal decomposition 
has only been observed over certain temperature or composition ranges under growth 
conditions entailing high-fluxes (Ji /Jme ≳ 10) of low-energy ion irradiation.  
Mayrhofer et. al. recently showed that bulk spinodal decomposition occurs upon 
annealing of metastable cubic Ti1−xAlxN coatings [48], leading to enhanced mechanical 
performance at elevated temperatures. The hardness of cubic Ti0.34Al0.66N during 
annealing experiments, shown in Fig. 2.4, increases between 600 and 1000 °C due to age 
hardening effects. In contrast, TMN coatings with large single-phase fields like TiN, often 
exhibit decreased hardness at temperatures higher than 400 °C due to strain recovery and 
recrystallization. A combination of x-ray diffraction and HR-TEM provid evidence for 
strained domains as illustrated schematically in Fig. 2.5 (a). If a coherent domain is 
formed with a lattice parameter (aβ) different from that of the host matrix (aα), both 
domain and matrix must be strained by equal and opposite forces. After annealing at 1100 
°C the coherency strain between fcc TiN-rich and AlN-rich domains became relaxed by 
the introduction of edge dislocations as shown in Fig. 2.5 (b). This phenomenon has also 
been observed in an analogous group IV-B TM1-xAlxN system, Zr1-xAlxN, during 
annealing studies of arc-evaporated and reactive magnetron sputtered films [51,52]. 
Coherency are also present in the Ti1-xAlxN coherent nanocolumnar structures 
obtained by surface initiated spinodal decomposition during growth (Fig. 2.3) and such 
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structures are also expected to lead to increased hardness. However, no systematic studies 
have been carried out. HfN is an inherently harder, higher melting point, and larger lattice 
constant host matrix (giving rise to larger driving forces for phase separation, see Fig. 
2.6). Thus, I have used Hf1-xAlxN as a model system to study the effects of composition 
(x) and high-ion-flux (Ji/Jme ≳ 5), low-energy (Ei ~ 10-40 eV) ion bombardment on the 
growth of self-organized nanostructures in metastable transition metal alloy compounds 
in order to control nanostructure formation and therefore tune the physical properties of 
these materials at the nanoscale. The spinodal-induced formation of AlN-rich and HfN-
rich domains, result in desirable property enhancements originating from a process that is 
fundamentally different than both precipitate and strain-induced hardening. 
Fig. 2.7 shows isothermal sections, at 1000 °C, of the ternary (a) Ti-Al-N and (b) 
Hf-Al-N phase diagrams [46,53]. Only three ternary phases are stable at this temperature, 
namely Ti3AlN, Ti2AlN, and Hf3AlN; a mixture of the constituent elements in any 
proportion different than these will, at thermodynamic equilibrium, decompose into the 
appropriate mixture of the stable binary and ternary phases. Except for the difference in 
the number of stable ternary phases, two for Ti-Al-N and one for Hf-Al-N, both phase 
diagrams look remarkably similar. The primary regions of interest are the tie-lines, 
highlighted by a dashed ellipse, between the thermodynamically-stable binary nitrides. 
There is no stable intermetallic compound; i.e. both cubic HfN and TiN are, at 
equilibrium, completely immiscible with AlN. In analogy with the Ti1-xAlxN system, I 
expect that the HfN-AlN immiscibility will provide a large driving force for phase 
separation in metastable Hf1−xAlxN alloys which can be exploited, together with the use 
of high-flux low-energy ion-irradiation to direct nanostructure formation. 
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Fig. 2.6 summarizes the results of first-principle density functional theory (DFT) 
calculations on the isostructural mixing enthalpies of Ti1-xAlxN and Hf1−xAlxN [54]. These 
results show that the mixing enthalpy of Hf1−xAlxN is approximately twice that of  
Ti1-xAlxN. This is due primarily to the large volumetric mismatch between the alloying 
components in Hf1-xAlxN. Thus, the driving force for Hf1-xAlxN is larger than for  
Ti1-xAlxN. 
2.3 Effect of high-flux, low-energy ion irradiation during TM nitride film deposition 
Essentially all applications for transition-metal nitride thin films, typically 
deposited by magnetron sputter deposition, require low homologous growth temperatures, 
Ts ≲ 450 °C [i.e., Ts /Tm ≲ 0.2 for HfN where Tm is the melting point, 3660 K (Ref. [55]). 
Low temperature growth is required, for example, to avoid overtempering of steel 
cutting-tool substrates in wear resistant layers and to stay within the tight thermal budgets 
associated with diffusion barriers in Si-based device fabrication. Consequently, ion-
assisted film growth, in which the incident ion-energy Ei and the ion-to-metal flux ratio  
Ji /Jme are fundamental parameters, has been employed to control transition-metal (TM) 
nitride film microstructure [56]. Momentum transfer from incident ions to surface atoms 
during deposition can have a dominant effect on adatom mobilities, film nucleation rates, 
solute solubilities, and residual stresses [57,58].   
The average energy per deposited metal atom, <Ed> = Ei (Ji /Jme) has been used by 
several authors [59-61] as a parameter for describing and characterizing the effects of 
low-energy ion irradiation on film microstructure and properties during ion-assisted 
deposition. While Ei is easily controlled during conventional magnetron sputtering 
through the use of an external substrate bias, Ji /Jme cannot be varied independently. Thus, 
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most studies of the effects of ion irradiation during film growth have concentrated 
exclusively on the role of Ei, with Ji /Jme either constant or uncontrolled and typically of 
order 0.5 to 1. 
The use of Ei values significantly above bulk lattice displacement thresholds, 
generally ≳ 20-50 eV depending upon the materials system (i.e., ion mass and layer 
composition), leads to film densification and a less pronounced columnar microstructure 
compared to films grown with lower ion energies. However, these advantages extract a 
steep price. In the case of TiNx and Ti1-xAlxN growth, for example, the use of incident 
 energies Ei > 50 eV results in trapping of accelerated ions, residual lattice defects, 
and the development of very high compressive stresses [62-64]. 
Petrov et al. [65] demonstrated that external Helmholtz coils with Fe pole pieces 
can be used to controllably unbalance the magnetic circuit in a magnetron sputtering 
system through the addition of a uniform axial magnetic field between the target and the 
substrate. The unbalanced field allows the crystal grower to shape the discharge near the 
substrate and provides independent control of the energy and flux of ions incident at the 
growing film with negligible effect on the target sputtering rate. This has opened the way 
for systematic studies of the effects of low-energy ion irradiation during film growth. 
Previous results from our group have demonstrated that high-flux (Ji /Jme ≥ 5), low-
energy ion irradiation is essential for the low-temperature growth of epitaxial NaCl-
structure TiN(001) [66], ScN(001) [67], CrN(001) [68,69], TaN(001) [70,71], and 
CeN(001) [ 72] layers on MgO(001). It is also a useful tool for controlling the 
microstructure, preferred orientation, microchemistry, and thus the physical properties, of 
polycrystalline TM nitride films [64,73,74]. 
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I will use the above strategy to synthesize epitaxial metastable Hf1−xAlxN alloys, 
while studying the effects of alloy composition and high-flux low-energy ion irradiation 
on nanostructure formation and fundamental properties of metastable TM1-xAlxN nitrides. 
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2.5 Figures 
 
 
 
 
 
Figure 2.1 Room-temperature electrical resistivities versus N/Metal ratio of 
polycrystalline Ti-N, Zr-N, and Hf-N layers, grown by dual ion beam 
deposition (from Ref. 11). 
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Figure 2.2 Thermo-gravimetric oxidation rate measurements of TiN and AlN-
containing TiN-based alloys, obtained in air, during linear temperature 
ramps of 1 °C min-1. The introduction of AlN to TiN results in a 
significant increase in the temperature onset of oxidation (from Ref. 44). 
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Figure 2.3 Example of self-organized nanostructures in epitaxial Ti0.5Al0.5N(001), 
formed during film growth, via surface-initiated spinodal decomposition. 
(a) Plan-view and (b) cross-sectional bright-field TEM micrographs with 
corresponding selected area diffraction patterns from a Ti0.5Al0.5N single-
crystal alloy grown by reactive unbalanced sputter deposition (Ts = 540 
°C, Ji /Jme = 10, Ei = 22 eV). High-magnification of the 020 reflection 
reveals satellite peaks along the [010] direction in (b), and along both 
[010] and [100] due to the nanoscale compositional modulations present in 
the film (from Ref. 50). 
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Figure 2.4 Nanoindentation hardness of polycrystalline TiN and Ti0.34Al0.66N as a 
function of annealing temperature. The highly-strained TiN layer 
undergoes a continuous decrease in hardness with increasing temperatures 
above 400 °C, while an increase in the hardness of Ti0.34Al0.66N occurs 
between ~ 700 and 950 °C due to age hardening (from Ref. 48). 
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Figure 2.5 Nanostructure of a polycrystalline Ti0.34Al0.66N coating annealed at 1100 
°C. (a) Schematic drawing illustrating the origin of coherency strain. The 
lattice parameter of the matrix and newly formed domain are indicated by 
aα and aβ, respectively. (b) HR-TEM bright field micrograph obtained 
along the [001] projection showing dissociated {110}<100> misfit 
dislocations due to thermal relaxation of coherency strains (from Ref. 48). 
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Figure 2.6 Isostructural mixing enthalpies (in eV/formula unit) for B1-cubic  
Ti1-xAlxN, and Hf1-xAlxN with respect to B1-cubic TMN and AlN 
calculated by DFT from first principles. From Ref. 53. 
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Figure 2.7 Equilibrium ternary (a) Ti-Al-N and (b) Hf-Al-N phase diagrams at  
1000 °C. From Refs. 46 and 53, respectively. 
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CHAPTER 3 
EXPERIMENTAL PROCEDURES 
 
3.1 Film growth 
3.1.1 Film growth systems 
 In order to determine the single-phase field of metastable single-crystal cubic  
Hf1-xAlxN alloy films and to investigate the formation of self-organized nanostructures in 
NaCl-structured TMN systems, I used a load-locked multichamber three-magnetron UHV 
deposition system to grow 0.5-µm-thick Hf1-xAlxN layers as a function of x (i.e. the films 
discussed in Chapters 4 and 5 of this dissertation). The deposition apparatus (shown 
schematically in Fig. 3.1) consists of a sample introduction chamber which is evacuated 
to 5×10-8 Torr (6.7×10-6 Pa), using a 50 l-s-1 turbomolecular pump (TMP), prior to 
sample transfer to a two-target magnetron growth chamber with a base pressure of  
1×10-10 Torr (1.3×10-8 Pa) achieved using a 520 l-s-1 TMP. All layers were grown on 
polished MgO(001) single-crystals at 600 °C, which includes the contribution due to 
plasma heating. The Hf to Al ratio in as-deposited films was controlled by the relative 
power applied to two symmetrically positioned 5-cm-diameter water-cooled Al (99.999% 
purity) and Hf (99.9% purity, excluding 3% Zr, the usual impurity in Hf) targets, 
positioned approximately 15 cm from the substrate platen. Film growth was carried out in 
a magnetically unbalanced mode [1] in 10% N2/Ar mixtures (99.9999% purity), 
introduced through high precision solenoid valves. The total pressure was measured using 
a capacitance manometer and maintained constant at 7 mTorr with automatic mass flow 
controllers.  
 Fig. 3.2 shows a second deposition chamber used during this research to 
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investigate the role of high-flux (ion-to-metal flux ratio Ji /Jme = 8) low-energy (Ei = 10-
80 eV) ion irradiation on the growth, crystallinity, composition, and nanostructure 
formation in epitaxial Hf0.7Al0.3N/MgO(001) layers. The system is a load-locked 
multichamber UHV stainless-steel unbalanced dc magnetron deposition chamber with 
two opposing planar magnetron (PM) sources. The 7.62-cm-diameter water-cooled 
Hf0.7Al0.3 alloy disk (99.9% purity, excluding Zr, the usual impurity in Hf), obtained from 
Plansee SE, Austria, is separated by 6.5 cm from the parallel-plate substrate assembly. 
All layers were grown on polished MgO(001) single-crystals at 450 °C. As in the first 
system, the pressure in the sample introduction chamber is reduced to less than 5×10-8 
Torr (6.7×106 Pa), prior to initiating substrate exchange into the deposition chamber 
which has a base pressure of 5×10-10 Torr (6.7×10-8 Pa). Film growth was carried out at a 
constant power of 100 W and a total pressure of 20 mTorr (2.67 Pa) in 10% N2/Ar 
(99.9999% purity). 
 The substrates used for these experiments are polished 10×10×0.5 mm3 NaCl-
structure MgO(001) single crystals, which have a lattice-parameter mismatch δ = 7.4% 
with that of stoichiometric HfN at room temperature (ao,MgO = 0.4211 nm, ao,HfN = 0.4524 
nm [2]). MgO(001) substrates have previously been used to grow epitaxial HfN [2,3] and 
many other TMNs (as well as related alloy systems) including TiN (δ = 0.7%) [4,5],  
Ti1-xAlxN [6], Ti1-xWxN [7], TaN (δ = 3.3%) [8,9], CrN (δ > 1.2%) [10,11], ScN (δ = 
7.3%) [12,13], Sc1-xTixN [14] and CeN (δ = 19.2%) [15] at relatively low growth 
temperatures (Ts / Tm ≲ 0.35, where Tm is the melting point in K) by employing far-from-
equilibrium synthesis conditions including high flux (Ji /JMe ≳ 5) low energy  
(Ei ≲ 50 eV) ion irradiation during film growth.  
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 Substrate cleaning consists of successive rinses in ultrasonic baths of 
trichloroethane, acetone, methanol, and deionized water. The wafers are then blown dry 
with dry N2 and mounted on resistively-heated Ta platens using Mo clips and inserted 
into the sample introduction chamber for transport to the growth chamber. The MgO 
substrates are thermally degassed for 1 hr at 800 °C, a procedure which has shown to 
result in sharp MgO(001)1×1 reflection high-energy electron diffraction patterns [16]. 
Just prior to initiating deposition, the target is sputter etched for five minutes with a 
shutter shielding the substrate. Following deposition, the samples are allowed to cool 
below 100 °C before transferring them to the load-lock chamber which is then backfilled 
with dry N2. 
3.1.2 Unbalanced magnetron sputtering and control of Ji /Jme 
 Each PM source used for this research has a set of permanent magnets located 
behind the target and outside the vacuum chamber. The magnetic field produces – in 
concert with the applied electric field – an electron trap in the shape of a toroid directly in 
front of the target surface. The permanent magnetic field, measured at the target surface, 
has a normal component of > 1200 G at the central pole and > 900 G at the outer poles 
with a maximum parallel component of > 500 G approximately halfway between the two 
poles. 
 In both of the deposition systems described above, electromagnetic coils are used 
to controllably unbalance the magnetic circuit in the PMs through the addition of a 
uniform axial magnetic field Bext with a maximum value ±180 G in the region between 
the target and the substrate [1]. A 25-cm diameter, electrically-isolated coil is mounted 
internally and concentric with the substrate platen in the chamber of Fig. 3.1, while the 
	   37 
deposition system shown in Fig. 3.2 employs a pair of external Helmholtz coils with Fe 
pole pieces. The positive and negative signs refer to geometries in which Bext aids and 
opposes, respectively, the field of the outer pole of the magnetron. When Bext is negative 
and opposing the field of the outer permanent magnet in a PM (see Fig. 3.3a), the 
dominant field in the region between the target and the substrate has the sign of the 
central pole (negative): this effectively decouples the substrate from the intense 
ionization region adjacent to the erosion track on the target. Electrons are steered away 
from the substrate towards the chamber walls, thus reducing the plasma density near the 
growing film and minimizing ion irradiation during growth. Changing the sign of Bext to 
positive reinforces the field of the outer permanent magnet (Fig. 3.3b) and allows an 
increasing fraction of electrons to escape the trap over the target and be channeled toward 
the substrate. This, in turn, increases the plasma density in the vicinity of the substrate 
and greatly enhances the ion flux incident at the growing film. 
While varying Bext strongly affects the ion flux incident at the substrate, it has 
relatively little effect on the target voltage VT with the discharge operated in constant-
power mode [1]. As a result, the external coils afford the ability to shape the discharge 
near the substrate and allow independent control of the energy, through the substrate bias 
Vs , and flux of ions incident at the growing film with negligible effect on the target 
sputtering rate. Fig. 3.4 shows photographs depicting the spatial distribution of the optical 
plasma emission intensity during sputtering of a Hf0.7Al0.3 target in a 20 mTorr 5% N2/Ar 
discharge with (a) Bext = -30 and (b) Bext = +180 G. 
3.1.3 Plasma characterization 
 Plasma characteristics in the vicinity of the substrate are determined as a function 
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of Bext from electrostatic probe measurements following the procedures described in Refs. 
[17,18]. The ion flux Ji incident at the growing film surface is controlled by Bext and 
measured using a 6-mm-diameter stainless-steel disc mounted in a through-hole drilled in 
the center of a special substrate platen. The surface of the probe is co-incident with the 
substrate surface and electrically isolated from the platen by a 0.25-mm vacuum gap. In 
this geometry, the actual current densities at the substrate are measured irrespective of the 
value of Bext. To minimize edge effects, the probe and substrate platen are maintained at 
the same potential with respect to the grounded chamber. Incident metal fluxes Jme are 
determined using post-deposition Rutherford back-scattering spectrometry (RBS). 
Combining the results of the ion probe measurements with RBS data for the total number 
of deposited metal atoms yields values for the ion-to-metal flux ratios Ji/Jme incident at 
the substrate and are plotted as a function of electromagnetic coil current in Fig. 3.5 for 
the case of reactive magnetron sputtering of a Hf0.7Al0.3 in 5% N2/Ar discharges. 
The plasma Vp and floating potentials Vf are obtained from the current-voltage 
characteristics of a cylindrical probe, 5 mm long by 0.4 mm in diameter, situated near the 
substrate surface. The mean free paths for Ar+ and  charge exchange collisions [19] in 
the discharges are > 6 and > 8 mm, respectively, under the present deposition conditions. 
These are more than an order of magnitude larger than the anode sheath width, estimated 
from the Child-Langmuir equation [20] to be 0.3–0.5 mm. Thus, the vast majority of the 
ions incident at the substrate and growing film during deposition experience the full 
substrate sheath potential and the kinetic energy Ei of ions incident at the growing film is 
given by e(|Vs – Vp|), where Vs is the applied substrate bias voltage (or floating voltage Vf 
if no bias is applied). 
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3.2 Sample characterization 
RBS is used to determine the compositions and thicknesses [calculated by using 
the atomic areal densities obtained during the RBS spectra fitting procedure and the 
relaxed lattice parameters obtained from high-resolution reciprocal lattice maps (HR-
RLMs)] of as-deposited films by analyzing the measured spectra using the SIMNRA 
simulation program [21,22]. The probe beam consists of 2 MeV He+ ions incident at 
22.5° relative to the sample surface normal with the detector set at a 150° scattering 
angle. The uncertainty in reported N/(Hf +Al) ratios is less than  ± 0.05. 
An Hitachi S4700 scanning electron microscope (SEM) with a field-emission 
source was used to measure the thicknesses t of cleaved cross-sectional Hf1-xAlxN(001) 
samples. Amorphous SiO2 layers on Si(001), with thicknesses of 0.1 and 1 µm as verified 
by ellipsometry, served as calibration standards. Finite-thickness interference fringes, 
clearly visible in HR-XRD scans from all Hf1-xAlxN(001) layers, indicate that the films 
are of high structural quality with laterally uniform film/substrate interfaces. From the 
fringe spacing, we obtain layer thicknesses in good agreement with cross-sectional SEM 
results as well as the thicknesses obtained from RBS measurements. 
The micro- and nanostructure, phase composition, and texture of as-deposited 
samples are determined using x-ray diffraction (XRD), high-resolution reciprocal lattice 
mapping (HR-RLM), cross-sectional TEM (XTEM), high-resolution XTEM (HR-
XTEM), cross-sectional Z-contrast scanning TEM (XSTEM), and high-resolution 
XSTEM (HR-XSTEM).  
XRD 2θ-ω scans are obtained in a Philips X’pert MRD diffractometer system 
using Cu Kα radiation (λ=0.154180 nm) with a Ni filter to remove Cu Kβ reflections and a 
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thin-film parallel plate collimator secondary optics.  HR-RLMs are constructed from a 
series of 2θ-ω scans acquired at different ω offsets in a second Philips X’pert MRD 
diffractometer with a Cu   
€ 
Kα1  source and Ge(220) two-crystal and three-crystal 
monochromators in the primary and secondary X-ray axes, respectively, in addition to an 
x-ray mirror in the primary optics.   
Cross-sectional transmission electron microscopy (XTEM), high-resolution 
XTEM (HR-XTEM), and cross-sectional Z-contrast scanning TEM (XSTEM) images are 
acquired using a JEOL 2010F field emission electron microscope equipped with STEM 
operation. Z contrast images are acquired by scanning a 0.2 nm probe across a specimen 
and recording the transmitted high-angle scattered electrons with an annular detector 
(inner angle > 45 mrad). Under these conditions, the image intensity I is accurately 
described as a convolution between the electron probe and an object function sharply 
peaked at the positions of each atomic column. At constant film thickness, I is a 
monotonic function of the mean square atomic number (Z) of the column; i.e., I increases 
with increasing Z. 
HR-XSTEM images are acquired using a JEOL 2200FS scanning/transmission 
field emission electron microscope (STEM/TEM) equipped with a probe aberration 
corrector (CEOS GmbH, Heidelberg, Germany). The lateral resolution of the JEOL 
2200FS used for high-angle annular dark field (HAADF) imaging is approximately 0.1 
nm [23]. Z-contrast images are acquired, as above, by scanning a 0.1 nm probe across a 
specimen and recording the transmitted high-angle incoherently-scattered electrons with 
an annular detector (inner angle > 100 mrad).  
 Cross-sectional TEM samples are produced by gluing two samples film-to-film, 
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cutting vertical sections, and mechanically thinning them from both sides using 
successively finer diamond-lapping discs (30, 15, 6, and 1 µm particle size) to a sample 
thickness ≤ 25 µm. Final thinning to electron transparency is accomplished by ion milling 
using a 5 kV Ar+-ion beam incident at 8 ° followed by 3 kV Ar+-ion beam incident at 6 ° 
for 15 min in order to reduce the damaged layer created by ion-induced mixing near the 
sample surfaces. 
Raman measurements are carried out at 300 K using the 514.5 line from an Ar+ 
laser which provides a 20-mW beam, incident at 60° relative to the sample surface 
normal, irradiating a sample area of 0.25 mm2. Spectra between 200 and 1400 cm-1 are 
obtained from light scattered normal to the sample surface collected by a three-stage  
0.8 m SPEX spectrometer equipped with a two-dimensional charged-coupled device 
array.  
 Four-point probe measurements are used to determine room-temperature 
resistivities ρ300K of Hf1-xAlxN as a function of x. Temperature-dependent resistivities 
ρ(T) between 2 and 300 K, carrier types and densities, as well as superconducting 
transition temperatures Tc are obtained using a Quantum Design physical property 
measurement system with a magnetic field of 7 T. In order to eliminate the effect of a 
Hf1-xAlxN native oxide layer in these experiments, electrical contacts are fabricated in an 
FEI Strata DB-235 dual-beam focused ion beam (FIB) system by Ga+-ion etching four 2-
µm-diameter holes in the van der Pauw geometry [24], and then filling the holes with via 
secondary electron emission-induced decomposition of a Pt chemical precursor (using the 
Ga+-ion to produce secondary electrons), without breaking vacuum. 
Optical transmission and reflection spectra are obtained over the wavelength 
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range between 200 and 2500 nm using a Varian CARY 5G UV-Vis-NIR 
spectrophotometer with an integrating sphere for light collection. Spectral intensity 
distributions are calibrated using reflection spectra from high-quality, optically smooth 
Al and Ag thin film standard mirrors at wavelength ranges of 200-500 and 500-2600 nm, 
respectively. 
In order to determine complex dielectric functions ε(ω) = ε1(ω) + iε2(ω), the 
ellipsometric angles ψ(ω) and Δ(ω) are obtained over the spectral range from mid-
infrared (MIR) to near ultraviolet (UV) (i.e., over the energy range 0.1 eV ≤ ħω ≤ 5.5 eV) 
using spectroscopic ellipsometry at multiple degrees of incidence. A JA Woollam RC2 
dual rotating compensator ellipsometer is used for measurement in the UV-VIS-NIR, and 
fourier transform infrared (FTIR) spectroscopic ellipsometry is used for measurement in 
the NIR-MIR with both a JA Woollam variable-angle spectroscopic ellipsometer (VASE) 
and a custom built FTIR spectroscopic ellipsometer (FTIRSE). 
The hardness H and elastic modulus E of Hf1-xAlxN layers were determined from 
nanoindentation responses measured with an MTS Nanoindentor II microprobe. The area 
function of the triangular Berchovich tip was calibrated using a fused silica standard [25] 
and the calibration checked using epitaxial stoichiometric TiN/MgO(001) layers of 
known hardness [26] and the same thickness (0.5 µm) as the Hf1-xAlxN samples. The 
Berchovich tip is loaded to 5 mN. A small amplitude tip oscillation is applied during 
loading and continuous stiffness monitoring (CSM) is used to calculate hardness and 
elastic modulus. Indentations were performed with a 150 nm displacement limit. For all 
measurements, hardness and elastic modulus values were obtained from indent depths  
< 50 nm to minimize substrate effects. This method is described in detail in Ref. [25]. 
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The hardness H and elastic modulus E of Hf0.70Al0.30N/HfN superlattice layers are 
determined from nanoindentation responses obtained from a Hysitron Triboscope 750 
microprobe.  The area function of the triangular Berchovich tip is calibrated using a fused 
silica standard and following the procedure described in Ref. [25]. The calibration is 
verified using epitaxial TiN/MgO(001) layers of known hardness [26] and the same 
thickness, 0.5 µm, as the Hf0.70Al0.30N/HfN multilayer samples.  Multiple loading cycles 
are used with the sample unloaded to 10% of the peak load each time, and maximum 
peak loads ranging from 0.05 to 10 mN. 
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Figure 3.1 Schematic diagram of a magnetically-unbalanced UHV reactive 
magnetron co-sputter deposition system. 
3.4 Figures 
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Figure 3.2 Schematic diagram of a magnetically-unbalanced UHV reactive magnetron 
sputter deposition system. 
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Figure 3.3 Schematic diagram illustrating the effect of superimposing an external 
magnetic field Bext on a unbalanced magnetron sputter deposition 
discharge. Here, Bext (a) opposes and (b) enhances the field of the outer 
(permanent) magnets in a magnetron (from Ref. 1). 
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Figure 3.4 Hf1-xAlxN reactive sputter deposition from a Hf0.7Al0.3 alloy target at 
constant power 100 W and total pressure 20 mTorr in 5 % N2/Ar 
discharges with an external magnetic field of (a) Bext = -30G and (b) Bext = 
+180 G. 
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Figure 3.5 Ion-to-metal flux ratios Ji /Jme measured using a cylindrical probe centered 
on the substrate paten and along the axis of the magnetic field, during 
reactive sputter deposition from a Hf0.7Al0.3 alloy target in mixed N2/Ar 
discharges, plotted as a function of the applied electromagnetic coil 
current, Ic.  
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CHAPTER 4 
GROWTH AND CRYSTALLINITY OF EPITAXIAL Hf1-xAlxN ALLOYS 
GROWN ON MgO(001) BY ULTRAHIGH VACUUM REACTIVE MAGNETRON 
CO-SPUTTERING 
 
4.1 Introduction 
In this chapter, I use the metastable Hf1-xAlxN alloy as a model system to study 
low-energy ion-irradiation induced nanostructure formation in single-phase NaCl 
structure films. Such structures have been observed in TiN-based alloys (Ti1-xAlxN and 
Ti1-xCexN), however, not systematically studied. In ref. [1], our group reported the 
formation of a nanocolumnar structure with a characteristic length of 2.2 nm in single-
phase quasibinary Ti1-xAlxN alloys via surface-initiated spinodal decomposition. In ref. 
[2], the growth of highly-oriented two-phase Ti1-xCexN nanocomposites (both equiaxed 
and nanocolumnar) was demonstrated. These structures are obtained under far-from-
equilibrium synthesis using extremely high-flux (ion-to-metal flux ratios > 10) low-
energy (< 45 eV) ion irradiation during film growth. 
As a continuation of the above research, I have chosen to investigate the  
Hf1-xAlxN as a model system for the following reasons: (1) HfN is the highest melting 
point and highest elastic modulus TM nitride, and (2) cubic HfN and hexagonal AlN are 
immiscible in equilibrium; a prerequisite for the formation of the nanostructures of 
interest. In refs. [3] and [4], our group investigated the synthesis of epitaxial HfNx layers 
on MgO(001) substrates by ultrahigh-vacuum magnetically unbalanced magnetron 
reactive sputter deposition. Stoichiometric HfN(001) layers exhibit a relaxed lattice 
parameter ao = 0.4524 nm, a room temperature resistivity ρ300K = 14.2 µΩ.cm, a hardness 
H = 25.2±0.7 GPa, and an elastic modulus E = 450±9 GPa.  
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In this chapter, I report on the growth and physical properties of epitaxial 
metastable Hf1-xAlxN layers deposited on MgO(001) by UHV reactive magnetron co-
sputter deposition in 10% N2/Ar mixed discharges at a total pressure of 7 mTorr and a 
growth temperature Ts = 600 °C. The combination of Rutherford backscattering 
spectroscopy (RBS), high-resolution x-ray diffraction (HR-XRD), high-resolution cross-
sectional transmission electron microscopy (HR-XTEM), and cross-sectional scanning Z-
contrast TEM (XSTEM) show that Hf1-xAlxN(001) layers with AlN compositions x 
between 0 and 0.50 are single crystals with the B1 NaCl-structure. ao(x) ranges from 
0.4519 nm with x = 0 to 0.4438 nm with x = 0.50. Analyses of high-resolution reciprocal 
lattice maps (HR-RLMs) show that the films are nearly fully relaxed with mild residual 
in-plane compressive strain ranging from –0.70% with x = 0 to –1.69% with x = 0.50. 
Adding moderate concentrations of AlN to HfN (x ≤ 0.17) leads to an increase in 
crystalline quality as indicated by increased in-plane ξ|| and out-of-plane ξ⊥ x-ray 
coherence lengths. Further additions of AlN (x ≳  0.2) leads to the formation of 
compositionally-modulated HfN- and AlN-rich domains with a characteristic length scale 
of ~1.5 nm, accompanied by a decrease in ξ|| and ξ⊥ with increasing x to 0.50, as a self-
organized nanostructure forms and becomes more pronounced. Nevertheless, the 
epitaxial layers are of high crystalline quality with relatively large x-ray coherence 
lengths and low mosaicity. 
4.2 Results and discussion 
4.2.1 Reactive sputter deposition of HfN and AlN 
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 Due to the existence of several equilibrium and metastable phases in the Hf-N 
system [5], as well as recent work done by Seo et. al. on reactive sputter deposition of 
HfNx layers [4], I anticipated that the choice of deposition parameters would be crucial to 
obtain phase-pure, single-crystal Hf1-xAlxN layers. Therefore, as an initial set of 
experiments, I characterized reactive sputtering from elemental Hf and Al targets in 
mixed N2/Ar discharges as a function of N2 fraction  at a total pressure of 7 mTorr. I 
then grew a set of HfNx samples at various  values and measured the composition and 
room-temperature resistivity ρ300K of as-deposited layers using Rutherford backscattering 
spectrometry (RBS) and 4-point probe measurements, respectively. 
 Fig. 4.1 shows typical results for Hf and Al target voltages VT ( ) in discharges 
held at a constant power of 200 W. For reactive sputtering of Hf, as  is increased, VT 
initially increases, goes through a maximum at , where  is the N2 fraction 
corresponding to the maximum rate of N2 uptake by sputtered Hf, and then decreases 
again. Over the same range in , ΔP, which is a measure of the N2 consumption during 
the sputter deposition process, increases from 0 to a maximum value of 0.23 mTorr at 
. Upon further increase in  there is a secondary maximum in VT at , 
occurring due to the formation of higher-order nitrogen phases in the Hf-N system [4,5]. 
These results, can be understood based upon previous models for reactive sputtering [6-
8], while accounting for the formation of HfNx with x < 1 at , and x > 1 with 
, at the target surface. 
Nitridation of the Hf target surface resulting from small additions of N2  
(  
€ 
f N 2  ≤ 0.11) to the Ar sputtering discharge gives rise to dramatic changes in both plasma 
 53 
and film properties. In order to maintain constant power, VT increases rapidly from 503 V 
with  to 542 V with  due primarily to a decrease in the target 
secondary-electron emission coefficient γ. Since VT ∝ γ-1 in cold-cathode discharges, the 
observed increase in VT indicates that γHfN < γHf. Initially, at low  values, an 
increasing fraction of N2 is consumed by the fresh Hf layer being deposited at the 
substrate, as well as throughout the deposition chamber, in a heterogeneous surface-
catalyzed reaction to form HfNx. The nitrogen composition x of as-deposited HfNx films 
increases from x = 0 with  to x = 1 with , with a corresponding 
minimum in room-temperature resistivity to ρ300K = 38.4 µΩ-cm at . Upon 
further increases in  above , x and ρ300K both increase with increasing 
defect densities as well as the formation of N-rich HfNx phases [3,4]. 
Nitridation of the Al target surface operated at constant power, 200 W, resulting 
in VT decreasing rapidly from 511 V with   
€ 
f N 2 = 0 to 263 V with   
€ 
f N 2 = 0.36 indicating 
that γAlN > γAl. Over the same range in , ΔP increases from 0 to a maximum value of 
0.16 mTorr at   
€ 
f N 2 = 0.36. Above   
€ 
f N 2 = 0.36, the continued increase can be explained 
primarily by plasma volume ionization processes gradually shifting from being Ar-
dominated to N2-dominated. The discharge volume ionization efficiency decreases as a 
result of the increasing thermalization of low energy electrons arising from the large 
cross-section for inelastic collisions that excite vibrational modes in N2 molecules [9]. 
Based on the above results, I have chosen a   
€ 
f N 2 = 0.1 for the deposition of  
Hf1-xAlxN layers due to the risk of formation of higher-order N-containing HfNx phases, 
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and that   
€ 
f N 2 = 0.1 during Hf sputtering yields stoichiometric HfN layers exhibiting 
minimum ρ300K values.  
4.2.2 Growth and crystallinity of epitaxial Hf1-xAlxN(001) layers 
All Hf1-xAlxN layers with 0 < x < 0.54 were found to be slightly 
overstoichiometric with N/(Hf+Al) = 1.05 ± 0.05. However, the nitrogen concentration, 
as determined by RBS and confirmed by elastic recoil detection analysis (ERDA), is not 
a strong function of the AlN concentation, x. Measured alloy compositions x correspond 
well with values expected from deposition rate calibrations. No contamination, other than 
3 at % Zr from the Hf target (Zr is the normal impurity in Hf), was detected by RBS.  
Fig. 4.2(a) shows typical 2θ-ω scans from Hf1-xAlxN layers with x = 0, 0.13, 0.21, 
0.24, 0.31, 0.35, 0.37, 0.46, 0.50, and 0.54. For clarity, all scans are offset vertically and 
only the sections of the diffractograms from 2θ = 39.5 to 41.0˚ are shown (i.e. in the 
vicinity of the Hf1-xAlxN(002) alloy peak). Fig. 4.2b shows the 2θ-ω scan between 2θ = 
31.0° and 41.0°, with the intensity multiplied by a factor of 100×, from a Hf0.46Al0.54N 
layer.  
In Fig. 4.2a, the 002 Cu Kα reflections from Hf1-xAlxN and MgO are clearly 
observed with the Hf1-xAlxN peak positions continuously shifting to larger 2θ values with 
increasing x (from 2θ = 39.67˚ for x = 0 to 2θ = 40.13° for x = 0.50) due to corresponding 
changes in film composition, crystalline quality, and residual strain. However, for the x = 
0.54 (Fig. 4.2b) sample, which is polycrystalline, there is a shift towards lower 2θ 
(39.86°) due to AlN phase separation and renucleation of HfN-rich grains. A second 
broad, low-intensity peak in Fig. 4.2bappears at 2θ = 31.95° corresponding to the (0002) 
reflection from AlN-rich wurtzite-structure phase precipitates. Layers with x = 0.13 have 
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the highest 002 peak intensity (I002 = 8.28×105 cps) and the narrowest full width at half 
maximum intensity (FWHM, Γ2θ = 0.465°). I002 decreases and Γ2θ increases with x > 0.13 
(e.g. I002 = 1.30×105 cps and Γ2θ = 0.577° for x = 0.50). 
 Fig. 4.3 is a set of 002 ω-rocking curves, offset vertically, for the same nine 
epitaxial layers in Fig. 4.2. The full-width at half-maximum (FWHM) of the ω-rocking 
curve Γω = 1.21° for x = 0, is a minimum (Γω = 1.04°) for x = 0.13 and increases 
continuously with further increase in x (Γω = 1.32° for x = 0.50).  
 The in-plane x-ray coherence length ξ||, a measure of the lateral film mosaicity, 
and the perpendicular x-ray coherence length ξ⊥, limited by both the film thickness and 
vertical mosaicity, are determined using the following relationships [10], 
             (1) 
and 
             (2) 
Δg⊥ and Δg|| in Eqn. (2) are the widths of the Bragg reflections perpendicular and 
parallel, respectively, to the reciprocal diffraction vector  and λ is the x-ray wavelength. 
Results for Hf1-xAlxN layers with x between 0 and 0.50 are plotted in Fig. 4.5. 
 Initial values of ξ|| and ξ⊥ for x = 0 (HfN) are in agreement with previously 
reported values for stoichiometric HfN(001) layers grown on MgO by reactive magnetron 
sputter deposition. There is an observed increase in ξ|| and ξ⊥ with increasing x from  
ξ|| = 11 and ξ⊥ = 93 nm with x = 0 to ξ|| = 12 and ξ⊥ = 126 nm with x = 0.17. With AlN 
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concentrations x ≥ 0.21, there is a continuous decrease to ξ|| = 10 and ξ⊥ = 68 nm at  
x = 0.5. The decrease in ξ|| and ξ⊥ with increasing x with x ≥ 0.21 can be accounted for, 
and as I will show later in this chapter, due to the formation of nano-sized compositional 
modulations associated with the onset of spinodal decomposition.  
 XRD ϕ scans from Hf1-xAlxN layers with 0 ≤ x ≤ 0.50 shown in Fig. 4.4 exhibit 
four 90°-rotated 220 peaks at angles which are identical for both MgO and Hf1-xAlxN. 
The combination of the above results establish that Hf1-xAlxN layers with 0 ≤ x ≤ 0.50 
grow epitaxially with a cube-on-cube orientational relationship to the substrate: 
(001)(Hf,Al)N||(001)MgO and [100](Hf,Al)N||[100]MgO; while at higher AlN concentrations  
(x ≥ 0.54), films consist of fine-grained two-phase (NaCl/wurtzite) mixtures. 
For NaCl-structure compounds with no defects, the first-order Raman effect is 
forbidden by symmetry and only second-order scattering is observed. In Fig. 4.6, I show 
Raman scattering results from layers with x = 0, 0.13, and 0.24, 0.37, and 0.50. The 
spectra consist of four primary regions: the first-order acoustic band  
(115-180 cm-1), a second-order low-frequency band (230-420 cm-1), the first-order optical 
band (480-560 cm-1), and a second-order high-frequency band (610-1500 cm-1).  
With x = 0, the first-order acoustic Raman lines at 120 and 156 cm-1 are due to 
transverse acoustic (TA) and longitudinal acoustic (LA) phonons, respectively, while the 
peak centered at 525 cm-1 is a first-order optical line (O). Four scattering modes are 
present in the second-order low-frequency band with the lines at 240, 280, 325, and 380 
cm-1 attributed to the second-order transverse acoustic mode (2TA), the sum of the first-
order transverse and longitudinal acoustic modes (TA+LA), the second-order longitudinal 
acoustic mode (2LA), and the difference between the first-order optical and the first-
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order acoustic modes (O-A), respectively. In the second-order high-frequency band, the 
two lines at 670 and 1035 cm-1 are labeled as the sum of the first-order optical and 
acoustic modes (O+A) and the second-order optical mode (2O), respectively. The 2O line 
at 1035 cm-1 confirms the assignment of the broad line centered at 525 cm-1 as due to 
first-order longitudinal and transverse optical phonons (LO and TO) since first-order 
peaks are known to occur at, or slightly more than, half the value of the second-order 
peaks. Maxima at 500 and 530 cm-1 in HfN calculated phonon DOS [11] provide further 
evidence of the correctness of this peak assignment. 
 Although first order scattering is not allowed in perfect NaCl-structure TM 
nitrides, first order transverse and longitudinal scattering peaks are observed. This is 
indicative of the existence of point defects, which destroy the crystal symmetry as 
observed for epitaxial TaN(001) [12] and HfN(001) [13] grown by reactive magnetron 
sputter deposition. 
 Second order scattering is also observed in samples with x ≤ 0.17, and 
characteristic of films with relatively good crystalline quality. Upon further additions of 
AlN, we observe a general trend of decreasing crystalline quality as indicated by peak 
broadening. Peaks also undergo a continuous shift to longer wavelengths as due to the 
addition of a lighter element to the cation sublattice.  
 The relaxed lattice parameters and residual strains of epitaxial Hf1-xAlxN(001) 
layers are determined as a function of x from analyses of HR-RLM results. Typical HR-
RLMs about asymmetric 113 reflections are shown in Fig. 4.7 ((a) x = 0.24 and (b)  
x = 0.50). Diffracted intensity distributions are plotted as isointensity contours as a 
 58 
function of the reciprocal lattice vectors k|| parallel and k⊥ perpendicular to the surface. k|| 
and k⊥ are related to peak positions in ω-2θ space through the relationships [14],  
 k|| = 2rEsin(θ)cos(ω-θ)                  (1) 
and  
 k⊥ = 2rE sin(θ)sin(ω-θ),          (2) 
where rE is the Ewald sphere radius given by rE = 1/λ. For a 113 reflection from a 001 
oriented NaCl-structure sample, the in-plane aǁ‖ and out-of-plane a⊥ lattice parameters are 
given by  and a⊥ = 3/k⊥. Relaxed bulk Hf1-xAlxN lattice constants ao are 
determined from a|| and a⊥ values through the relationship  
            (3) 
where ν is the film Poisson ratio. The residual in-plane strain ε‖ is defined as 
 .           (4) 
The fact that the substrate and layer peaks in Fig. 4.7 are misaligned along [001] indicates 
the presence of in-plane-strain relaxation due to misfit dislocations. All layers are found 
to be nearly fully relaxed at the growth temperature and contain a small amount of 
residual compressive strain ε||, which ranges from –0.7 % for x = 0 to –1.69 % for x = 
0.50, which can be largely accounted for by differential thermal contraction during 
sample cooling following deposition at 600 °C. The thermal expansion coefficients for 
HfN and MgO are 6.9×10-6 K-1 (Ref. 15) and 1.3×10-5 K-1 (Ref. 16). 
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The vertical separation between the film and substrate diffracted intensity 
distributions in Fig. 4.7 corresponds to a lattice mismatch in the growth direction of  
7.34% with x = 0.24 and 6.63% with x = 0.50 yielding out-of-plane lattice parameters  
a⊥ = 0.4520 nm for Hf0.24Al0.76N(001) and 0.4491 nm for Hf0.50Al0.50N(001). The in-
plane lattice parameter a‖ for Hf0.24Al0.76N(001) is 0.4417 nm, while that of 
Hf0.50Al0.50N(001) is 0.4363 nm. Substituting these values together with an estimated 
Poisson ratio of 0.25 into Eq. (3), I obtain a relaxed lattice parameter ao of 0.4478 nm for 
Hf0.24Al0.76N and 0.4438 nm for Hf0.50Al0.50N. While the Poisson ratio ν for HfAlN is 
unknown, ν values for related cubic TM nitrides vary only from 0.21 for TiN [17] to 0.29 
for CrN [18]. We choose an average value of 0.25 for determining the relaxed lattice 
parameter ao of Hf1-xAlxN. The uncertainty in ao introduced by νHfAlN is only ±0.0002nm 
(~0.004%). 
Fig. 4.8 shows that ao(x) for Hf1-xAlxN(001) decreases linearly from 0.4519 nm 
with x = 0 to 0.4438 nm with x = 0.50. From the results in Fig. 4.8, we obtain a rate of 
change ζ in the normalized Hf1-xAlxN lattice parameter as a function of x - 3.6±0.4 %, 
where ζ = d(ao(x)/ao,HfN)/dx and ao,HfN is the relaxed lattice parameter of pure HfN. For 
comparison, the value expected from Vegard’s rule is ζ = - 9.05%; almost 2.5 times 
larger than that observed experimentally.  
The micro- and nanostructure of Hf1-xAlxN layers are investigated by XTEM. Fig. 
4.9 presents results for a five-layer Hf1-xAlxN film for which, during growth, the Al-
concentration was varied in steps: x = 0 (layer 1), x = 0.17 (layer 2), x = 0.29 (layer 3),  
x = 0.40 (layer 4) and x = 0.50 (layer 5). The individual layer thicknesses are 
approximately 75 nm. The magnetron shutters are closed for a few seconds between each 
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layer to adjust the power of the two magnetrons in order to obtain the desired 
compositions. Fig. 4.9a is a high-angle annular dark field (Z-contrast) image from layers 
2-5. The Z-contrast images are acquired by scanning a 0.18 nm probe across a specimen 
and recording the transmitted high-angle scattering with an annular detector (inner angle 
~ 45 mrad). The individual layers are clearly discerned in the figure with step-wise 
decrease in intensity at higher x-values as the brightness at constant sample thickness is 
dominated by the average atomic number Z. The slight variation of the brightness within 
individual layers is due to a weak diffraction contrast arising from threading dislocations 
in the epitaxial layers.  
The selected area diffraction pattern shown in Fig. 4.9g, obtained from an area 
with a diameter of 50 nm from layer 5 with composition Hf0.5Al0.5N, is further evidence 
that epitaxial growth is sustained throughout the sample. This is also confirmed by lattice 
resolution imaging, shown in Fig. 4.9c. The diffraction pattern is characterized by 
symmetric reflections corresponding to the 002, 022, 020, etc lattice planes. In addition, 
the reflections have weak satellites appearing ≃ 0.67 nm-1 closer to the central transmitted 
beam intensity, indicating a lattice modulation of approximately 1.5 nm wavelength. This 
is in agreement with the high-resolution Z-contrast image from layers 4 (x = 0.40) and 5 
(x = 0.50) shown in Fig. 4.9b, which reveals a speckle contrast modulation in both layers 
with brighter areas corresponding to HfN-rich regions and darker areas to AlN-rich 
regions.  
Fig. 4.9d is a high-resolution Z-contrast image from layers 2 and 3. The large-
scale variations in contrast are due to the diffraction contrast induced by threading 
dislocations. However, the image also reveals a nanoscale modulation present in layer 3 
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(x = 0.29): there is no modulation present in layers 2 (x = 0.17) and 1 (x = 0, not shown). 
Fig. 4.9f compares intensity line scans across the SAED patterns in the vicinity of the 002 
film reflection and the satellite features from layers 2-5. The intensity of the satellite 
peak, as seen as a shoulder to the left of the main 002 reflection, is pronounced in the 
case of layer 5; however the intensity progressively diminishes and is not observed in 
layer 2. To further examine the composition at which the nanostructure modulation first 
appears in Hf1-xAlxN(001) layers, I used Z-contrast imaging, under identical conditions, to 
investigate the cross-section of the sample with x = 0.21 shown in Figure 4.9e. It is 
evident that the nanostructure is present at this composition. Thus, XSTEM analyses 
reveal the presence of a nanostructure in Hf1-xAlxN(001) layers with x ≳ 0.20 that have a 
characteristic length scale of ~ 1.5 nm. 
4.3 Conclusions 
Metastable single-phase NaCl-structure Hf1-xAlxN(001) films were deposited with 
a wide range of compositions, from x = 0 to 0.50, despite the large lattice mismatch  
(= 9.8 %) between HfN and AlN. In this composition range, AlN incorporation results in 
a rate of lattice parameter decrease ζ = d(ao(x)/ao,HfN)/dx = - 3.6±0.4 %, approximately 
2.5 times lower than predicted by Vegard's rule (ζVegard's = - 9.05 %). The deviation in ζ 
can be accounted for by the onset of AlN-rich coherent domains with x ≳ 0.2. AlN 
contents x > 0.50 cannot be accommodated into a single-phase epitaxial Hf1-xAlxN films, 
resulting in the appearance a second phase consisting of AlN-rich wurtzite-structure 
grains. Similar behavior has been reported previously in the Ti1-xAlxN system, however 
the lattice mismatch between TiN and AlN is almost three times lower (≃ 2.8 %). 
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 The addition of a moderate amount of AlN to HfN (x ≳ 0.13) results in an 
increase in crystalline quality as evidenced by the higher intensity and smaller FWHM of  
2θ-ω and ω-rocking curve scans, as well as the corresponding x-ray coherence lengths. At 
a composition x ≳ 0.2, Hf and Al are no longer randomly distributed in the Hf1-xAlxN 
cation sublattice. The onset of clustering leads to the development of a coherent 
composition modulation with periodicity ≃ 1.5 nm, visible in high-resolution TEM 
images. 
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4.5 Figures 
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Figure 4.1 Target voltage VT during reactive magnetron sputtering of (a) Hf and (b) 
Al as a function of nitrogen fraction , at a total pressure of 7 mTorr. 
The magnetrons are operated in constant power mode at 200W. 
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Figure 4.2 a) Typical XRD ω-2θ scans in the vicinity of the (002) film peak from  
Hf1-xAlxN layers, with compositions between x = 0 and x = 0.54, grown at 
600 °C on MgO(001) substrates. b) Typical XRD ω-2θ scan from a 
Hf1-xAlxN layer with x = 0.54. The intensity of (b) has been increased 
100× compared with scans in (a). 
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Figure 4.3 Typical XRD 002 ω-rocking curves from Hf1-xAlxN layers, with 
compositions x between x = 0 and x = 0.50, grown at 600 °C on MgO(001) 
substrates. 
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Figure 4.4 Typical Hf1-xAlxN and MgO XRD 220 ϕ scans from layers with 
compositions x = 0.24 and x = 0.50, grown at 600 °C on MgO(001) 
substrates. 
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Figure 4.5 In-plane ξ‖ and perpendicular ξ⊥ x-ray coherence lengths for epitaxial  
Hf1-xAlxN layers grown on MgO(001) at 600 °C as a function of AlN 
content x. 
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Figure 4.6 Raman spectra from epitaxial Hf1-xAlxN(001) layers with x = 0, 0.13, 0.24, 
0.37, and 0.50. 
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Figure 4.7 HR-RLMs about 113 reflections from single-phase epitaxial  
Hf1-xAlxN(001) layers, with compositions a) x = 0.24 and b) x = 0.50, 
grown at 600 °C on MgO(001) substrates. 
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Figure 4.8 Relaxed lattice parameters ao of epitaxial Hf1-xAlxN(001) layers, grown at 
600 °C on MgO(001) substrates, as a function of AlN content x ranging 
from 0 to 0.50. The solid line is a least squares fit to the experimental data, 
while the dotted line represents Vegard’s rule. 
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Figure 4.9 XTEM images from a five-layer Hf1-xAlxN(001) film with stepwise 
composition variation: x = 0 (layer 1), x = 0.17 (layer 2), x = 0.29 (layer 
3), x = 0.40 (Layer 4), and x = 0.50 (Layer 5). (a) High-angle annular dark 
field (Z-contrast) image from layers 2-5. (b) SAED pattern from a 50 nm 
area within layer 5. (c) High resolution Z-contrast image from the interface 
area of Layers 4 and 5. (d) High resolution Z-contrast image from the 
interface area of Layers 2 and 3. (e) Comparison of intensity line scans 
across the 002 film reflection and satellite features in SAED patterns from 
layers 2-5. 
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CHAPTER 5 
PHYSICAL PROPERTIES OF EPITAXIAL Hf1-xAlxN/MgO(001) 
ALLOYS  
5.1 Introduction 
Metastable TM1-xAlxN alloys are technologically important for a variety of 
applications including hard wear-resistant coatings on cutting tools, chemical and 
abrasion-resistant selectively-transmitting layers on architectural glass, and tunable-
reflectance optical coatings. More recently, the TM nitrides, their related alloys, and 
multilayers, are being investigated for potential thermal- and energy-related applications 
such as low thermal conductivity barrier coatings, thin film thermoelectrics [1,2], and 
back-reflector layers in solar cell assemblies to improve efficiency while minimizing 
indiffusion of substrate materials [3].  
Hf1-xAlxN alloys show great promise for all of the above applications. AlN is a 
wide bandgap semiconductor (Eg ≈ 6.2 eV) with a reported room-temperature resistivity 
ρ300K of 1×1015 µΩ-cm [4]. In it’s thermodynamically-stable hexagonal-wurtzite crystal 
structure, AlN has a hardness of 17.7 GPa [5,6]. Recently, zincblende-AlN has been 
synthesized by rf plasma-assisted molecular beam epitaxy and exhibits a direct bandgap 
Eg = 5.93 eV, with a smaller an indirect gap at Eg ≈ 5.3 eV [6]. HfN, however, is a B1-
NaCl-structure metal with ρ300K = 14.2 µΩ-cm [7] and the highest melting point (Tm = 
3330 °C), largest negative heat of formation (
€ 
ΔH298o  = -88.2 kcal mol-1), and one of the 
highest hardness values (H = 25.3 GPa) among the TM nitrides. 
HfN and AlN are immiscible at equilibrium (a prerequisite for nanostructured 
composites) [8], and the lattice mismatch (δ = 9.8%) is much larger than that between 
TiN and AlN (δ = 2.9%), giving rise to a larger driving force for phase segregation [9]. 
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Moreover, Hf1-xAlxN alloys grown under high-fluxes of low-energy ion bombardment 
during reactive magnetron sputter deposition provide an excellent model system to 
investigate the growth of self-organized nanostructures and the effects on physical 
properties of incorporating semiconducting AlN into the metallic HfN lattice. There have 
been no systematic investigations to date on the fundamental physical properties of  
Hf1-xAlxN as a function of x due to the lack of high-quality single crystals.  
Previous studies in our group have established that epitaxial films of several TM 
(and rare earth) nitrides and their pseudo-binary alloys can be grown at low-temperatures 
(Ts /Tm ≤ 0.35, where Ts is the deposition temperature and Tm is the melting point in K) by 
employing high-flux (Ji/Jme > 5) low-energy (Ei < 50 eV) ion irradiation during film 
growth. The systems studied thus far include TiN [10,11], Ti1-xAlxN [12], Ti1-xWxN [13], 
TaN [14], CrN [15,16], ScN [17,18], Sc1-xTixN [19], CeN [20], and Ti1-xCexN [21]. The 
use of high-flux, low-energy ion bombardment at the film growth front promotes 
epitaxial growth by enhancing surface adatom mobilities. Low growth temperatures 
hinder bulk diffusion, thus providing the far-from-equilibrium growth conditions 
necessary to study self-organized nanostructure formation in metastable TM nitride 
alloys.  
Following the above strategy, Hf1-xAlxN/MgO(001) growth experiments were 
carried out at Ts = 600 °C (Ts/Tm ≤ 0.2) with Ei ≈ 25 eV and Ji /Jme ≈ 8. Single-crystal B1-
NaCl-structure Hf1-xAlxN alloy layers, with 0 ≤ x ≤ 0.5, were grown on MgO(001) by 
UHV reactive magnetron sputter deposition in mixed 10% N2/Ar discharges at 7 mTorr 
from elemental Hf and Al targets [22]. Adding moderate amounts of AlN to HfN (x ≤ 
0.17) leads to an increase in crystalline quality as indicated by increased in-plane ξ|| and 
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out-of-plane ξ⊥ x-ray coherence lengths. Further additions of AlN (x ≳ 0.2) results in the 
formation of compositionally-modulated HfN- and AlN-rich domains with a 
characteristic length scale of ~1.5 nm, accompanied by a decrease in ξ|| and ξ⊥ with 
increasing x, as a coherent self-organized nanostructure forms and becomes more 
pronounced. Nevertheless, the epitaxial layers are of high crystalline quality with 
relatively large x-ray coherence lengths and low mosaicity. 
In this Chapter, I present the results of an investigation of the electronic, optical, 
thermal, and elastic properties of epitaxial Hf1-xAlxN(001) alloys as a function of AlN 
content x. Films with 0 ≤ x ≤ 0.17 are random Hf1-xAlxN solid solutions with moderate 
changes in film properties. The onset of spinodal decomposition, with x ≳ 0.2, results in 
abrupt changes in the optical and electronic properties. Dielectric functions are 
determined for all alloy compositions 0 ≤ x ≤ 0.54 using variable-angle spectroscopic 
ellipsometry. The data are well fit using a combination of Drude-Lorentz behavior with 
the Bruggeman effective medium approximation. The Bruggeman model suggests a 
percolated network of spherical metallic particles with 0.21 ≤ x ≤ 0.32, while films with x 
≥ 0.37 fall below the percolation limit, and carrier localization is observed. Comparisons 
are made with changes in film properties and nanostructure using HR-TEM and HR-
STEM techniques.  
5.2 Results 
5.2.1 Optical properties  
Fig. 5.1 is an image showing the colors of 0.5-µm-thick Hf1-xAlxN/MgO(001) 
layers with 0 ≤ x ≤ 0.54. The color of the layers varies continuously from light-
gold/metallic (highly reflective) with 0 ≤ x ≤ 0.17, to dark gold with 0.24 ≤ x ≤ 0.32, 
	   76 
gold-violet with x = 0.32, violet with x ≥ 0.37, and increasingly transparent with 0.37 ≤ x 
≤ 0.54.  
Optical reflectance (a) and transmission (b) spectra from 150-nm-thick  
Hf1-xAlxN/MgO(001) layers with 0 ≤ x ≤ 0.54 are shown in Fig. 5.2. The optical 
properties of the MgO substrate where determined in a separate experiment and shown to 
be in good agreement with previously reported results [23,24]. The HfN (x = 0) layer is 
strongly reflecting up to the reflectance edge at ħωe = 3.05 eV, where ħωe is defined as 
the photon energy at which the reflectance is equal to 0.5. The minimum HfN reflectance, 
0.05, occurs at ħωmin = 3.60 eV and agrees well with previously reported values ranging 
from 0.05 to 0.12 at photon energies ħωmin = 3.48~3.75eV [25-27]. The reflectance 
spectrum of Hf0.87Al0.13N is similar to that of pure HfN, with ħωe and ħωmin shifted to 
slightly lower and higher energies, ħωe = 2.95 and ħωmin = 3.7 eV, respectively, i.e. the 
reflection edge broadens due to decreased free carrier lifetimes as a results of increased 
alloy scattering. However, the changes are small in this composition range due to 
enhanced crystal quality with x ≤ 0.17 as observed by XRD studies presented in Ch. 4. 
For Hf0.79Al0.21N, there is an abrupt shift in both ħωe and ħωmin to lower energies: 1.88 
and 2.81 eV. Further increases in AlN content lead to continuous shifts in both ħωe and 
ħωmin to lower energies. Films with x ≥ 0.50 exhibit no metallic reflectivity, and the 
interference fringes indicate transparency up to approximately ħω ≈ 3.1 eV.  
Corresponding transmission spectra in Fig. 5.2(b) reveal very low transmission 
with x = 0 and a slight maximum centered around ħωmin, as expected from the intense 
reflectance spectra. Increasing AlN content to x = 0.54 gives rise to a continuous increase 
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in transmission in the visible and UV as the maxima shift to lower energies and hence, 
the films become more transparent. 
Hf1-xAlxN optical absorption coefficients α(x) were determined from the measured 
transmission T(ħω) and reflectance R(ħω) spectra using the following expression [28]: 
 
  
€ 
α (ω ) = −
1
t
⋅ ln
T (ω )
1− R(ω )
⎛ 
⎝ 
⎜ 
⎞ 
⎠ 
⎟ ,           (1) 
where t is the film thickness, 150 nm. Fig. 5.3(a) is a plot of α as a function of photon 
energy ħω between 0.5 and 6 eV for Hf1-xAlxN layers with 0 ≤ x ≤ 0.54. α(ħω) for HfN (x 
= 0) and Hf0.87Al0.13N have high absorptions at low energies, decreasing to a minimum at 
ħωmin ≈ 3.6 eV, then increasing rapidly with further increases in photon energy, due to the 
onset of interband absorption. For samples with x ≥ 0.21, α(ħω) follows a similar trend; 
however, the absorption at low energies continuously decreases while the onset of higher 
energy absorption shifts to ħω ≈ 2.5 eV with x = 0.50. 
 Plots of (α-ħω)1/m where m = ½ or 2 corresponding to direct and indirect optical 
interband transitions, respectively [29,30], are plotted in Fig. 5.3(b), 5.4(a) (m = ½), and 
5.4(b) (m = 2). Extrapolations to the x-axis of the linear regions of (α-ħω)1/m vs. ħω plots 
yield activation energies ħω*. Fig. 5.3(b) shows the presence of a direct transition at ħω* 
≈ 3.6 eV for samples with x ≤ 0.13, while the transition shifts to slightly lower energy (≈ 
3.4 eV), and remains constant for x ≥ 0.21. Fig 5.4(a) reveals a low energy absorption at 
ħω* ≈ 0.7 eV for x = 0 which increases gradually to ħω* ≈ 1.2 eV with increasing x. The 
linear segment of the (α-ħω)1/2 vs. ħω plot in Fig 5.4(b) implies an indirect transition 
positioned at ~1.4 eV for all samples with x ≥ 0.21. 
The real ε1 and imaginary ε2 components of complex dielectric functions ε(ω) = 
ε1(ω) + iε2(ω) for 0.5-µm-thick Hf1-xAlxN/MgO(001) layers with 0 ≤ x ≤ 0.54 are plotted 
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in Fig. 5.5 as a function of photon energy ħω. Here, ε2 is plotted in the form of the optical 
conductivity σ1 defined as σ1 = ωεoε2 [31], where εo is the permittivity of freespace. ε1 and 
ε2 are obtained from modeling the measured ellipsometric angles ψ(ω) and Δ(ω) over the 
spectral range from mid-infrared (MIR) to near ultraviolet (UV) (i.e., 0.1 eV ≤ ħω ≤ 5.5 
eV) at multiple degrees of incidence. ψ(ω) and Δ(ω) results obtained from films with 0 ≤ 
x ≤ 0.13, with incident angles of 45, 55, 65, and 75 ° are well-fit using the Drude-Lorentz 
model in which the complex dielectric function ε(ω) = ε1(ω) + iε2(ω) is described as [32]:  
 
  
€ 
ε = ε∞ −
ω p
ω 2 + iγω
+
fo
ωo −ω
2 − iγoω  
.          (2) 
ωo, γo, and fo in equation (2) are the transition energy, width, and strength of the Lorentz 
oscillator, γ = 1/τ is the Drude damping term with τ the free electron relaxation time, and 
€ 
ε∞  is a constant accounting for all higher-energy interband transitions and the core 
electrons. The Lorentz oscillator is included in the fitting procedure to model the onset of 
interband transitions. 
 The dielectric response of Hf1-xAlxN(001) layers with x ≥ 0.21 cannot be 
described solely by free electron (Drude) behavior and Lorentz interband transitions. 
However, the Bruggeman effective medium approximation (EMA) provides accurate fits 
of the ellipsometric angles ψ(ω) and Δ(ω) from Hf1-xAlxN(001) alloys simultaneously 
over all incident angles investigated. The Bruggeman EMA assumes small spherical 
domains of metallic and insulating spherical inclusions and has been shown to be very 
successful for determining accurate complex dielectric functions from fits of ψ(ω) and 
Δ(ω) in such nanocomposite systems [33].   
 ε(ω) in a non-magnetic medium is equal to the square if the complex refractive 
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index ñ(ω) = n + iκ, where n is the electromagnetic phase velocity and κ is loss due to 
absorption as a result of the electromagnetic wave traveling through the material; i.e., 
ε(ω) = ε1(ω) + iε2(ω) = (n + iκ)2. The conversion between the imaginary parts of the 
complex dielectric function and refractive index is ε2 = 2nκ, thus σ1 is directly 
proportional to the calculated absorption coefficients presented in Fig. 5.3(a). This is not 
surprising as the two plots exhibit similar trends. For example, σ1(ħω) for Hf1-xAlxN(001) 
alloys with x ≤ 0.13 exhibit large values at low photon energies with a minimum at ~3.5 
eV, and increase rapidly as higher-energy transitions become available. Upon further 
increases in x, there is a continuous decrease in the absorption at low energies, and the 
onset of interband transitions shifts to lower values; ħω ≈ 2.6 eV with x = 0.54. 
5.2.2 Electronic properties 
Room-temperature resistivities ρ300K of epitaxial Hf1-xAlxN/MgO(001) alloys are 
plotted as a function of x in Fig. 5.6. ρ300K = 13.1 µΩ-cm at x = 0, in excellent agreement 
with previously reported values for epitaxial stoichiometric HfN(001) layers grown on 
MgO by reactive magnetron sputtering [34]. Upon adding AlN to HfN, there is a slight, 
approximately linear, increase in ρ300K (x) to 24.6 µΩ-cm with x = 0.17, a step-wise 
increase to ρ300K = 75 µΩ-cm with x = 0.19, and a steady increase in ρ300K (x) to 299 µΩ-
cm with x = 0.32. Further additions of AlN (with x ≥ 0.37) lead to more rapid rises in 
ρ300K to 849 µΩ-cm with x = 0.37 and > 5×105 µΩ-cm with x = 0.50. 
Temperature-dependent resistivities ρ(T), between 2 and 300 K, of 0.5-µm-thick 
epitaxial Hf1-xAlxN(001) alloys with 0 ≤ x ≤ 0.5 are plotted in Fig. 5.7. From the ρ(T) 
curves, temperature coefficients of resistivity (TCR) are determined and plotted as a 
function of x in Fig. 5.8. TCR is defined as: 
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€ 
TCR =
ρ(300K) − ρ(50K)
ΔT
           (3) 
where ΔT = 250 K, and ρ(50K) is the low-temperature limit for phonon-dominated 
scattering. TCR is found to be positive (metallic) for Hf1-xAlxN with 0 ≤ x ≤ 0.32. To a 
first approximation, the shape of the ρ(T) curve can be described by Mattiessen’s rule: 
  ρ(T) = ρo + ρph(T).           (4) 
ρo in Eq. (4) is the low-temperature residual resistivity, due primarily to carrier scattering 
from impurities and defects, while ρph(T) is the contribution due to phonon scattering. 
ρph(T), which is proportional to the phonon density of states, dominates for metals at high 
temperatures and is negligible at low temperatures. At 10 K, ρo is 6.8 µΩ-cm for HfN (x = 
0), remains essentially constant until ~ 50 K, and then increases linearly with dρ/dT = 
2.5×10-8 Ω cm K-1 to the room temperature value, ρ300K = 13.1 µΩ-cm. Comparable ρ(T) 
curves with an onset of phonon scattering near 50 K have been reported for epitaxial 
TiN(001) [10], CeN(001) [20], and HfN(001) [7] grown by reactive unbalanced 
magnetron sputter deposition on MgO(100). Below 10 K, HfN exhibits a 
superconducting transition Tc at 7.81 K, while no superconductivity above 2K is observed 
in samples with x ≥ 0.17.  
As x increases to 0.17, ρo increases, due primarily to alloy scattering as Al 
substitutes for Hf in the cation sublattice, resulting in smaller charge carrier mean free 
paths. This is also evident in the broadening of the reflectance edge as discussed above.  
 There is an abrupt increase in ρo (and a corresponding decrease in TCR) from 14.9 
µΩ-cm with x = 0.17 to 87.6 µΩ-cm with x = 0.24. Further additions of AlN lead to a 
continuous increase in ρo(x), and TCR becomes increasingly negative for Hf1-xAlxN 
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layers with x ≥ 0.32, indicative of carrier localization. TCR ranges from -1.0 × 10-1 Ω-cm 
K-1 with x = 0.32 to < -9.72 × 105 Ω-cm K-1 with x = 0.50.  
Hall effect measurements were carried out at 10 and 300 K and the resulting 
effective carrier concentrations Neff are plotted as a function of x in Fig. 5.9 for 0.5-µm-
thick Hf1-xAlxN(001) layers with 0 ≤ x ≤ 0.50. The Hall coefficients RH are negative for 
all samples with 0 ≤ x ≤ 0.50 indicating electrons are the majority carriers. Neff is 
determined through the relationship 
 
  
€ 
N eff = −
1
eRH
=
jxBz
eEy
=
B
eΔρ
,           (5) 
where e is the elementary charge, jx is the applied current density, Bz is the applied 
magnetic field in the z direction, and Ey is the measured Hall field. Neff is essentially 
independent of temperature for x values up to 0.32, at which point carrier localization 
begins to dominate at low temperatures. There is a gradual decrease in the room 
temperature value of Neff with increasing x from 7.02×1022 cm-3 with x = 0 to 1.14×1022 
cm-3 with x = 0.40, while Neff decreases more rapidly with x ≥ 0.43. Reductions in the free 
carrier relaxation times occur with increased alloying component thus causing Neff to 
diverge from the one-band high-field limit where Neff equals the total number of 
conduction electrons, as the path traversed by conduction electrons becomes smaller than 
the magnetic-field induced orbit [35,36]. Thus, decreased carrier concentrations and 
anisotropy of the band structure induces inherently high sample resistances and nonlinear 
effects in the Hall voltage with applied field, respectively, and thus immeasurable values 
of Neff with x ≥ 0.40 at low temperatures. 
5.2.3 Hardness and elastic modulus 
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Fig. 5.10 is a plot of the hardness H and elastic modulus E of Hf1-xAlxN(001) 
layers as a function of x obtained from nanoindentation responses in 0.5-µm-thick  
Hf1-xAlxN layers. There is a slight increase in E(x) from 405±6 GPa with x = 0 to 418±4 
GPa with x = 0.17, followed by a continuous decrease to 336±7 with x = 0.50. H(x) 
remains essentially constant at 24.7±0.8 GPa until x = 0.29, at which point it increases by 
~ 30% to 32.4±0.7 GPa and remains approximately constant with further increases in x.  
5.3 Discussion 
5.3.1 Optical properties 
The observed color change from light-gold/metallic through yellow, red, blue, 
violet, and transparent as the AlN content is increased, can be understood based on 
changes in the valence band structure of Hf1-xAlxN assuming, as a first approximation, a 
rigid band model. Compared to HfN, AlN provides one less valence electron per formula 
unit, thereby decreasing the Fermi energy, giving rise to a corresponding decrease in the 
N 2p – Hf 5d interband transition energy. The latter decrease causes the reflectance edge, 
located at ~ 3.6 eV for pure HfN, to shift to lower energies giving the observed color 
changes. A more quantitative treatment has to take into account changes in the electronic 
band structure of HfN as a result of AlN incorporation.  
Decreased valence electron concentrations with increasing AlN incorportation in 
Hf1-xAlxN is also apparent when analyzing optical absorption coefficients obtained from 
transmission and reflectance spectra. The lowest lying Γ-point direct transition, ~0.7-0.9 
eV for HfN, has been predicted theoretically and observed experimentally in x-ray 
photoelectron spectroscopy (XPS) conduction bands studies [37] and attributed to 
transitions from N 2p to the lowest-lying Hf 5d electronic states at Γ. As AlN is 
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introduced into the lattice and the average valence electron concentration decreases, so 
does the absorption maximum at low energies.  
The direct transition in Fig. 5.3(b) centered around 3.6 eV for x ≤ 0.13 is well-
known to occur in HfN by promotion of N 2p valence electrons to the second lowest 
lying Hf 5d band at Γ. The onset of this direct absorption at Γ shifts to slightly lower 
energies as x increases to 0.24 and remains constant with further increases in x. As 
discussed above, small additions of randomly-incorporated AlN into the HfN host matrix 
can cause the curvature and position of the bands to be effected due to changes in the 
interatomic orbital overlap and subsequent broadening of the energy bands. However, 
above compositions x = 0.24, and as the nanostructure becomes more pronounced, the 
optical properties will be dominated by the HfN-rich matrix due the lack of available 
energy states for electron promotion in the clustered, wide band-gap AlN domains. Thus, 
the observed electronic transitions in Hf1-xAlxN alloys with x ≥ 0.24 do not significantly 
change with further increases in x, as the AlN incorporates into the host matrix as 
optically transparent wide-band gap domains which have very little effect on the 
interatomic bonding and resulting band curvature of the HfN-rich host matrix. 
The indirect transition observed in Fig. 5.4(b) at ~ 1.5 eV in alloys with x ≥ 0.24 
can be attributed to phonon-assisted transitions between N 2p states at Γ and the lowest 
lying Hf 5d states at Χ in HfN [38]. The fact that these transitions occur with 
compositions x ≥ 0.24 and are not evident in samples with x ≤ 0.17 indicates an increased 
probability of phonon-mediated excitations with x ≥ 0.24. Changes in the phonon 
structure of Hf1-xAlxN are also evident in the Raman scattering results in Fig. 4.6 as a 
broadening of the acoustic and optical vibrational modes with x ≥ 0.24 and can be 
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attributed to the formation of compositionally modulated domains of drastically different 
phonon density of states, with x ≳ 0.2. Thus, with x ≥ 0.24, large changes in the  
Hf1-xAlxN phonon structure result in increased indirect electronic transitions between N 
2p states at Γ and the availability of a lower-lying Hf 5d state at Χ (as compared to the 
direct transition energy of ~3.6 eV at Γ). 
 Variable-angle ellipsometry Drude-Lorentz fitting parameters used for alloys with 
0 ≤ x ≤ 0.17 include γ, the Drude dampening term inversely related to the free electron 
relaxation time τ, and the amplitude of the Lorentz oscillator fo, proportional to the total 
free electron density. The Bruggeman approximation includes an additional volume 
fraction fvol of metallic (Drude) particles. fo and γ increase with AlN concentration, while 
fvol decreases. Large and increasing negative ε1 values with decreasing photons energies, 
as for samples with compositions 0 ≤ x ≤ 0.17, is indicative of free-electron Drude 
behavior. Large amounts of free carriers are susceptible to weak surface plasmon 
oscillations resulting in electronic excitations ≲1 eV when suspected to electromagnetic 
radiation. With 0.21 ≤ x ≤ 0.24, and as the coherent compositionally-modulated 
nanostructure becomes evident in the XSTEM images presented in Ch. 4, ε1 is still 
negative at relatively low photon energies signifying free carriers remain prevalent 
throughout metallic HfN-rich regions of the sample. However, at low photon energies ε1 
becomes positive, indicating a loss of the lowest-energy plasmon resonances resulting 
from a drastic increase in γ and thus decrease in τ. Decreased carrier concentrations are 
also observed as fo decreases abruptly between 0.17 and 0.21. For x ≥ 0.32, the volume 
fraction of Hf-rich coherent domains falls below the percolation threshold (as indicated 
by the switch to positive ε1).  
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 Bruggeman symmetric medium theory assumes composites composed of metallic 
and insulating hard spheres, the conductivity of which is defined as [39-40]: 
 
  
€ 
ρm = ρh 1−
φ
1− Lφ
⎛ 
⎝ 
⎜ 
⎞ 
⎠ 
⎟ ,           (6) 
where ρm is the resistivity of the metal-insulator composite, ρh is the resistivity of the 
high-resistivity phase, ϕ is the volume fraction of the high-conductivity phase, and Lϕ is a 
depolarization coefficient characterizing the high-conductivity phase. Therefore, the 
critical volume fraction of metallic spheres where insulator-metal transition occurs (i.e. 
ρm becomes = 0) when ϕc = Lϕ, which is 1/3 for hard spheres [33]. From the electronic 
transport measurements, a metal-semiconductor transition is observed with x ≥ 0.37, 
which is in remarkably close agreement with the Bruggeman theory which suggests a loss 
of percolation below a volume fraction of 0.33. Thus, with x ≥ 0.37, carriers are forced to 
flow through domains rich in semiconducting AlN, and as I will show in the next section, 
increased carrier localization is observed due to a loss in the percolated network of 
metallic HfN-rich domains.  
5.3.2 Electronic properties 
In the low AlN content region with 0 ≤ x ≤ 0.17, the ρ300K(x) was found to 
increase approximately linearly, as expected for alloy scattering in random solid-solution 
alloys [41]. A least squares fit to the data yields dρ/dx = 0.7 µΩ-cm/at.%. For 
comparison, dρ/dx for the substitution of up to 8 at.% Al into α-Ti is 13 µΩ-cm/at.% [41] 
which is significantly higher than the trend observed here. Therefore, the linear variation 
of ρ300K(x) for Hf1-xAlxN alloys may be fortuitous since the conductivity decreases due to 
alloy scattering but increases due to enhanced crystal quality associated with a lower 
lattice parameter misfit giving rise to a decrease in the FWHM of the XRD ω-rocking 
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curves Γω and an increase in x-ray coherence lengths ξ|| and ξ⊥ (presented in Ch. 4). The 
increase in crystal quality is also observed in Raman scattering, where as x increases to 
0.17 there is an increase in the first order acoustic mode scattering while the second order 
acoustic modes become more pronounced [42], indicating decreased crystal symmetry 
and increased crystalline quality during substitutional AlN incorporation, respectively.  
Although carrier scattering increases linearly with increasing alloying component 
in random alloys, I attribute the sharp increase in ρ300K with x = 0.19 (as shown in Fig. 
5.2) to the onset of spinodal decomposition formation in Hf1-xAlxN, which becomes more 
pronounced with increasing x. The addition of coherent nanoscale inclusions has been 
shown to lead to a decrease in electrical conductivity due to increased free carrier 
scattering [43]. The onset of spinodal decomposition in Hf1-xAlxN, is indicated in HR-
XRD results as an abrupt decrease in ξ|| and ξ⊥ and in HR-STEM images as the 
appearance of ~1.5-nm-diameter compositionally-modulated HfN- and AlN- rich 
domains when x ≳  0.2 (see Fig. 4.9).  
The rapid increase in resistivity for all compositions x ≥ 0.32, combined with the 
switch from positive to negative TCR values and a decrease in low-temperature carrier 
concentrations is indicative of carrier localization. This results from a large perturbation 
in the periodic crystal potential associated with the very high defect densities which are 
evident here as clustered domains of coherently-incorporated alloy component. 
Conduction electrons scattered from random defects experience destructive self-
interference. The onset of carrier localization is also indicated by the loss of a percolated 
network of metallic domains, as predicted by the Bruggeman model, and results in trends 
towards increasingly positive ε1 behavior.  
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5.3.3 Hardness and elastic modulus 
I attribute the abrupt increase in the hardness H of Hf1-xAlxN with x ≥ 0.29 to the 
formation of coherent nanoscale compositional modulations arising from spinodal 
decomposition (as discussed previously in Ch. 4). The nanostructure is evident in the 
XTSEM images in Fig. 4.9. The preservation of lattice coherency is also seen in the HR-
XTEM image of Fig. 4.10. In order to maintain lattice coherency between modulated 
domains rich in HfN (ao = 4.524 Å [7]) and AlN (ao = 4.120 Å [5]) the lattice must 
accommodate a significant amount of interfacial strain equal to and opposite in sign 
about the compositional boundaries. The strongly covalent nature of the bonding between 
TM and N allows for high bond energies however it is quite remarkable that the lattice 
remains coherent despite the relatively large lattice mismatch between HfN and AlN (δ = 
9.8%). This creates regions of alternating elastic moduli which tend to impede dislocation 
transport due to differing dislocation line energies in the two materials [44]. For three-
dimensional compositional modulations formed during the initial stages of precipitation, 
dislocations become pinned and form loops around coherent inclusions of differing 
elastic moduli, eventually blocking other dislocations, thus impeding their flow [45]. 
Therefore, the hardening effect observed here is the result of combination of lattice 
coherency strain and dislocation impedance. 
The elastic modulus E, however is a strain-independent property of the material. 
The slight increase in E with 0 ≤ x ≤ 0.17 can be attributed to an overall increase in the 
number of nearest-neighbor N 2p – TM bonds as the crystal quality improves, i.e. Al 
takes the place of both Hf and Hf vacancies in the lattice. With x ≥ 0.29, the alloys 
contain AlN- and HfN- rich domains, and the modulus becomes a compositional average 
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of the two bulk moduli values (EHfN = 405 ± 6 GPa and EAlN = 344 GPa), i.e. this trend is 
well described by the rule of mixtures. 
5.4 Conclusions 
The optical and electronic transport properties of Hf1-xAlxN can be understood on 
the basis of three compositional ranges determined by nanostructural changes presented 
in Chapter 4. In the low AlN-content region with 0 ≤ x ≤ 0.17, Al is randomly distributed 
throughout the cation sublattice. This creates small changes in the electronic properties 
due increased alloy scattering and enhanced crystalline quality as x increases to 0.17, 
however due to changes in the interatomic bonding, changes in the electronic structure 
are observed as shifts in absorption edges. With x ≥ 0.19, there is a step-wise increase in 
ρ300K(x) to 75 µΩ-cm, and TCR decreases, due to increased carrier scattering resulting 
from the formation of compositionally-modulated HfN- and AlN-rich domains. As x 
increases to x = 0.32, there is a steady increase in ρ300K(x) to 299 µΩ-cm, a linear decrease 
in Neff, and  TCR is negative. The Bruggeman effective medium approximation is used to 
interpret the dielectric response of Hf1-xAlxN layers, which describes the material as a 
network of percolated network of spherical metallic and insulating clusters. With x ≥ 
0.37, the volume component of metallic HfN drops below the percolation limit for hard 
spheres and induces drastic decreases in the electronic properties as Neff becomes 
temperature-dependent and drops two orders of magnitude, while ρ(T) increases rapidly 
with decreasing T; both indicative of carrier localization. Interference fringes in the 
reflectivity spectra with x = 0.5 indicate optical transparency of the films in the visible, as 
the wide bandgap AlN-rich component starts to dominate the optical response.  
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H of Hf1-xAlxN is also dominated by the nanostructure formation and undergoes a 
~30% increase to 32.4 ± 0.7 GPa with x = 0.29. E increases slightly with small amounts 
of AlN incorporated in the HfN matrix due to an overall increase in the interatomic 
bonding of the crystal. However, above the threshold for nanostructure formation with  
x ≳ 0.2, E decreases and becomes a volumetric average of the individual alloying 
components. 
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5.6 Figures 
 
Figure 5.1 Optical photograph of 150-nm-thick Hf1-xAlxN layers with 0 ≤ x ≤ 0.54, 
grown at 600 °C on MgO(001) substrates.
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Figure 5.2 Optical reflectance and transmission spectra from 150-nm-thick  
Hf1-xAlxN/MgO(001) layers with 0 ≤ x ≤ 0.54. 
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Figure 5.3 (a) Optical absorption coefficients α and (b) (α-ħω)2 obtained from  150-
nm-thick Hf1-xAlxN/MgO(001) layers with 0 ≤ x ≤ 0.54 plotted as a 
function of photon energy ħω. An extrapolation of the linear portion of (α-
ħω)2 vs. ħω reveals the presence of a direct interband transition centered at  
~ 3.6 eV with 0 ≤ x ≤ 0.13 and ~ 3.4 eV with 0.21 ≤ x ≤ 0.54. 
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Figure 5.4 (a) (α-ħω)2 and (b) (α-ħω)1/2 plotted as a function of photon energy ħω for 
150-nm-thick Hf1-xAlxN/MgO(001) layers with 0 ≤ x ≤ 0.54. 
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Figure 5.5 σ1, the optical conductivity and ε1, the real part of the dielectric function, 
of 150-nm-thick Hf1-xAlxN/MgO(001) layers with 0 ≤ x ≤ 0.54 determined 
by spectroscopic ellipsometry analysis.  
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Figure 5.6 Room-temperature resistivities ρ300K of epitaxial 0.5-µm-thick  
Hf1-xAlxN/MgO(001) layers grown at Ts = 600 °C. The data points at x = 
0.13, 0.19 and 0.24 have been added from the 150-nm-thick series to 
verify the observed trends.The inset is a linear plot of the same ρ300K(x) 
data over the range 0 ≤ x ≤ 0.4. 
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Figure 5.7 Temperature-dependent resistivities ρ(T) of 0.5-µm-thick  
Hf1-xAlxN/MgO(001) layers grown at Ts = 600 °C. 
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Figure 5.8 The temperature coefficient of resistivity TCR of 0.5-µm-thick  
Hf1-xAlxN/MgO(001) layers, obtained from temperature-dependent 
resistivity measurements. The black data points indicate positive TCR 
values while the red indicate negative values. 
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Figure 5.9 The effective carrier density Neff of 0.5-µm-thick  
Hf1-xAlxN/MgO(001) layers obtained from Hall effect measurements at 
300 and 10 K. 
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Figure 5.10 Hardness H and elastic modulus E of 0.5-µm-thick Hf1-xAlxN layers, 
grown at 600 °C on MgO(001) substrates, as a function of composition x. 
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CHAPTER 6 
REAL-TIME CONTROL OF AlN INCORPORATION IN EPITAXIAL  
Hf1-xAlxN(001) USING HIGH-FLUX, LOW-ENERGY (10-40eV) ION 
BOMBARDMENT DURING REACTIVE MAGNETRON SPUTTER 
DEPOSITION FROM A SINGLE Hf0.7Al0.3 ALLOY TARGET 
 
6.1 Introduction 
Here, I investigate the effect of low-energy (Ei = 10-40 eV) ion irradiation during 
film growth on the composition and nanostructure of Hf1-xAlxN(001) layers grown from a 
Hf0.7Al0.3 alloy target. Epitaxial film compositions vary from x = 0.3 with Ei = 10 eV, to 
0.27 with Ei = 20 eV, 0.17 with Ei = 30 eV, and ≤ 0.002 with Ei ≥ 40 eV. This remarkably 
large change in AlN incorporation probability (> two orders of magnitude!) provides a 
novel and robust reaction pathway for synthesizing, at high deposition rates, 
compositionally-complex heterostructures, multilayers, and superlattices with abrupt 
interfaces from a single alloy target simply by controllably switching Ei. For multilayer 
and superlattice structures, the choice of Ei values determines the layer compositions and 
the switching periods control the individual layer thicknesses.  
The effect of Ei on the composition and nanostructure of reactively sputter-
deposited Hf1-xAlxN(001) films is investigated by growing multilayers in which Ei is 
sequentially varied in 10 eV steps from 10 to 80 eV, each sublayer grown for 120 s.  For 
reference, separate 0.5-µm-thick Hf1-xAlxN(001) layers are also deposited at each Ei 
value.  
6.2 Experimental results 
A typical RBS spectrum from an eight-layer sample in which Ei is varied from 10 
to 80 eV in steps of 10 eV is presented in Fig. 6.1(a). The dominant feature is the Hf peak 
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which appears at high backscattering energies due its high atomic number. The peak has 
a two-step structure (1.31-1.53 MeV and 1.53-1.82 MeV) in which the higher-energy, 
higher-intensity region corresponds to an elevated HfN concentration. To first order, the 
bimodal peak shape is well fit with a Hf1-xAlxN composition of x = 0.30 for the bottom 
three layers (Ei = 10, 20, and 30 eV) and x = 0 for the top five layers (Ei = 40, 50, 60, 70, 
and 80 eV). Higher resolution results are presented below. 
The Ei-dependent deposition rates can be determined using data obtained from the 
RBS results and the deposition time for each layer. The total area under the Hf two-peak 
feature corresponds to 1.26x1018 atoms cm-2, while the atomic areal densities of the two 
individual peaks are 4.8x1017 atoms cm-2 in the bottom three layers (with Ei = 10-30 eV) 
and 7.8x1017 atoms cm-2 in the upper five layers (with Ei = 40-80 eV), corresponding to 
incorporated Hf fluxes (JHf) of 1.33x1015 and 1.30x1015 cm-2-s-1, respectively. This is in 
reasonable agreement with the value JHf = 1.39x1015 cm-2-s-1 expected from the multilayer 
deposition rate R = 0.325 nm-s-1, calculated assuming fully dense films with lattice 
constants obtained by XRD (see discussion below) and neglecting the slight N 
overstoichiometry. The incorporated Al flux in the bottom three layers, as determined by 
RBS analyses of multilayer samples, is JAl = 5.7x1014 cm-2-s-1, resulting in Hf1-xAlxN 
layers with x = 0.3. Thus, by RBS analysis, the AlN incorporation probability σAlN ~ 1 for 
Ei = 10-30 eV, while σAlN ~ 0 with Ei ≥ 40 eV (more accurate results are presented 
below). The HfN incorporation probability remains approximately constant at unity (σHfN 
~ 1) over the entire range in Ei, 10-80 eV.  
Fig. 6.1(b) is a section of an XRD 2θ-ω scan (2θ = 10 to 110˚) from the same 
multilayer sample. The only features observable over the entire 2θ range are the 002 and 
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004 substrate and film peaks. No peaks are obtained in glancing-angle scans (not shown 
here) throughout the same 2θ range, indicating that the films are single-phase epitaxial 
NaCl-structure layers. The Hf1-xAlxN(002) reflection in Fig. 6.1(b) exhibits a pronounced 
splitting with peaks corresponding to interplanar spacings d002 of 0.2290 nm and 0.2257 
nm, in agreement with previously reported d002 values of 0.227 nm for HfN and 0.2253 
nm for Hf0.69Al0.31N single-crystal layers, respectively [1].  
 A typical HR-RLM about asymmetric 
€ 
1 1 3 reflections is shown in Fig. 6.2 for the 
Hf1-xAlxN(001) film, with Ei varied from 10-80eV in 10eV steps, discussed above. 
Diffracted intensity distributions are plotted as isointensity contours as a function of the 
reciprocal lattice vectors k|| parallel and k⊥ perpendicular to the surface. k|| and k⊥ are 
related to peak positions in 2θ-ω space through the relationships [2], 
  k|| = 2rEsin(θ)cos(ω-θ)           (1) 
and  
 k⊥ = 2rE sin(θ)sin(ω-θ),                (2) 
where rE is the Ewald sphere radius given by rE = 1/λ.  For a 
€ 
1 1 3 reflection from an 001 
oriented NaCl-structure sample, the in-plane a|| and out-of-plane a⊥ lattice parameters are 
given by   
€ 
a|| = 2 k||  and   
€ 
a⊥ = 3 k⊥. Relaxed bulk Hf1-xAlxN(001) lattice constants ao are 
determined from a|| and a⊥ values through the relationship  
 
  
€ 
ao = a⊥ 1  −
2ν(a⊥ − a|| )
a||(1+ν )
⎛ 
⎝ 
⎜ ⎜ 
⎞ 
⎠ 
⎟ ⎟            (3) 
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where ν is the film Poisson ratio.  The residual in-plane strain ε|| is defined as 
 
  
€ 
ε|| =
a|| − ao
ao
.           (4) 
The fact that the substrate and layer peaks in Fig. 6.2 are misaligned along [001] indicates 
the presence of in-plane-strain relaxation.  All layers are found to be nearly fully relaxed 
at the growth temperature and contain a small amount of residual compressive strain ε||, 
which ranges from –0.8 % for Hf0.7Al0.3N(001) to –1.1 % for HfN(001), which is 
primarily accounted for by differential thermal contraction during sample cooling 
following deposition.  
The vertical separation between the film and substrate diffracted intensity 
distributions in Fig. 6.2 corresponds to a lattice mismatch in the growth direction of 
7.13% for Hf0.7Al0.3N(001) and 8.76% for HfN(001), yielding an out-of-plane lattice 
parameters a⊥ = 0.4512 nm (Hf0.7Al0.3N(001)) and a⊥ = 0.4581 nm (HfN(001)). The in-
plane Hf0.7Al0.3N lattice parameter a|| is 0.4454 nm, while that of HfN(001) is 0.4496 nm.  
Substituting these values together with a Poisson ratio of 0.25 into Eq. (3) yields a 
relaxed lattice constant ao of 0.4489 nm for Hf0.7Al0.3N and 0.4547 nm for HfN.  While 
the Poisson ratio ν for Hf1-xAlxN is unknown, ν values for related cubic TM nitrides vary 
only from 0.211 for TiN [3] to 0.29 for CrN [4]. We choose an average value of 0.25 for 
determining the relaxed lattice constant a⊥ of Hf1-xAlxN. The uncertainty in ao introduced 
by 
€ 
νHfAlN  is ± 0.00002nm (±0.004%). Moreover, the ao results are in agreement with 
previously reported values for Hf1-xAlxN grown on MgO(001) by reactive magnetron 
sputtering from separate elemental Hf and Al targets. [1] 
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Fig. 6.3(a) is a typical XTEM bright-field image from the multilayer  
Hf1-xAlxN(001) sample corresponding to Figs. 6.1 and 6.2. The total film thickness is 360 
nm; the lower brighter-contrast region is 165 nm and the upper darker-contrast region is 
195 nm thick. The interface corresponds to the boundary between the  
Ei = 30 eV and 40 eV layers; the average thickness of the bottom three  
Hf1-xAlxN layers is 55 nm, while the upper five HfN layers are 39 nm each. The ratio of 
deposition rates of the upper and lower layers is 0.71 (in good agreement with RBS 
results). Combining this with the RBS compositional data provides an AlN incorporation 
probability σAlN ~ 1 in the lower three layers and ~ 0 in the upper layers, with σHfN ~ 1 
throughout.  
The weak intensity variations along the growth direction of the brighter-contrast 
lower three layers are due to diffraction contrast induced by the presence of threading 
dislocations which are clearly resolved when examining thinner cross-sectional 
specimens. The darker contrast in the upper portion of the film is due to a combination of 
two effects: (1) decreased AlN incorporation giving rise to stronger electron-beam 
absorption by the higher atomic number Z component HfN and (2) local strain contrast 
arising from residual ion irradiation-induced defects as the interaction volume of the 
incoming ions increases with increasing Ei > 40eV.  
The upper-right inset of Fig. 6.3 is an SAED pattern obtained with the electron 
beam sampling a total thickness of 400nm including the full thickness of the multilayer 
film and a small portion of the substrate. The 002, 022, and 020 reflections are split with 
three distinct spots corresponding to HfN (innermost), Hf1-xAlxN (middle), and the MgO 
substrate (outermost), as shown in the schematic inset of Fig. 6.3. The positions of the 
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002 peaks agree with the XRD results in Fig. 6.1. The 022 SAED reflections are aligned 
with the transmitted beam, i.e. the multilayer film is fully relaxed as confirmed by the 
HR-RLM results in Fig. 6.2. These results, along with XRD ϕ scans about asymmetric 
(022) peaks (not shown here) show that the film grows epitaxially with cube-on-cube 
orientational relationship to the substrate: (001)HfAlN || (001)MgO and [100]HfAlN || 
[100]MgO. 
The lower-right inset of Fig. 6.3 is a Z-contrast STEM image focused on the 
bottom four layers for which Ei = 10, 20, 30, and 40 eV. The local image brightness is 
proportional to the average atomic number Z. The first two layers (Ei = 10 and 20 eV) 
have approximately equal intensity indicating nearly constant alloy composition [5]. 
However, layer three (Ei = 30 eV) is noticeably brighter, indicating a substantial decrease 
in the AlN incorporation probability. σAlN is even lower in the much brighter Ei = 40 eV 
layer, for which RBS and XRD results show that the AlN incorporation probability is 
near zero. The Z-contrast intensity does not vary with further increase in Ei; i.e., the 
brightness’ of the Ei = 40, 50, 60, 70, and 80 eV layers are indistinguishable.  
The observed decrease in σAlN with increasing Ei is quantified using SIMS. A 0.5-
µm-thick Hf0.7Al0.3N(001) film, verified by RBS, grown with Ei = 10 eV serves as an 
internal composition standard. A typical SIMS profile of the Al distribution through a 
Hf1-xAlxN(001) multilayer is presented in Fig. 6.4 in logarithmic scale as well as two 
linear plots of the Ei = 10-40eV and 40-80eV regions. The measured layer compositions 
are: x = 0.3000 (Ei = 10 eV), x = 0.2700 (Ei = 20 eV), x = 0.1700 (Ei = 30 eV), x = 0.0020 
(Ei = 40 eV), x = 0.0015 (Ei = 50 eV), x = 0.0025 (Ei = 60 eV), and x = 0.0032 (Ei = 70 
and 80 eV). The Al detection limit, estimated by the signal intensity at the Al+ peak 
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position obtained from the MgO substrate, is more than two orders of magnitude lower 
than the minimum Al+ signal from the film. 
Thus, σAlN decreases from unity at Ei = 10 eV by a factor of ~150x at Ei = 40 eV 
to ~200x at Ei = 50 eV, while σHfN remains constant at unity over the Ei energy range, 10-
80 eV. This trend is depicted in Fig. 6.5 as plot of σAlN vs. Ei; the dramatic decrease in 
σAlN between Ei = 30 and 40eV is clearly observed. 
6.3 Discussion 
The dramatic decrease in the AlN incorporation probability with increasing Ei is 
not due to target effects. At steady-state, the composition of sputtered species from an 
alloy target is equal to the target composition [6]. Furthermore, at the deposition 
temperature used in these experiments, Ts = 450 ºC (Ts /Tm≲0.2), the sticking probability 
of the metallic species arriving at the growth front is essentially unity. Finally, at the gas 
phase pressure used in these experiments, 20 mTorr, the thermalization distances of 
sputtered Al and Hf atoms and Ar+ ions neutralized and reflected from the target is < 20 
mm [7], while the target-to-substrate separation is 60 mm. The primary energetic species 
incident at the growing film are Ar+ with energies Ei = eVs, where Vs = (Vplasma – Va) in 
which Vplasma is the plasma potential and Va is the applied substrate potential. Therefore, 
σAlN(Ei) is controlled solely by low-energy ion/atom interactions at the growing film 
surface region.  
Berg and Kartadjiev have modeled dynamic preferential resputtering of lighter-
mass components from a growing alloy film due to ion bombardment during deposition 
[8]. The term “sputter yield amplification” (SYA) was coined to describe the 
compositional enhancement of a higher mass mh solute element with respect to the lower-
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mass ml solvent element due to bombardment by intermediate mass mi ions. Simulations 
were carried out using a dynamic version of TRIM [9], T-DYN [10], to calculate the 
resputtering yields of C or Al (12 and 27 amu, respectively) by 300-1000 eV inert gas 
ions (Ar+ and Xe+, 40 and 131 amu, respectively) in the presence of various solute 
elements ranging across the periodic table.  
An enhancement of the Al resputtering yield by up to a factor of five was 
demonstrated for the addition of a few atomic percent of W (184 amu) or Pt (195 amu). 
The effect is primarily due to the increased directional isotropy of the incident ion 
momentum which occurs when adding higher-mass solute atoms to lighter-mass film 
atoms. The same is true for recoiled knock-on host atoms. Both effects result in shorter 
ion ranges and denser cascades. Moreover, a significant fraction of incident ions which 
penetrate the growing film are reflected from higher mass solute atoms toward the 
surface. The net result is an increased dynamic sputter yield (loss) of the lighter 
component during alloy film deposition. For co-deposition of Al and W, a materials 
system analogous to the one studied, simulations show that the Al/W ratio decreases from 
five in the absence of ion irradiation to ~ 0.45 with concurrent Ei = 500 eV Ar+ 
bombardment during film growth.  That is, the ratio of Al/W in the incident beam, to that 
in the as-deposited layer, decreases by a factor  ~ 11 as Ei is increased from 0 to 500 eV.  
While the trends observed in my experiments are in general agreement with the 
SYA model, the magnitude is completely unexpected when considering the very low Ei 
values: the AlN content in Hf1-xAlxN films varies by a factor of ~200x over a small Ei 
range, 10-50 eV.  There are several factors that account for the extraordinarily large SYA 
effect observed here. Our experiments are carried out near the threshold of sputtering, far 
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from the linear cascade regime. Moreover, we are employing reactive sputtering of 
nitrides, which have much higher cohesive energies Us than those of pure metals, thus 
strongly affecting sputtering rates in the threshold regime. Cohesive energies computed 
from first principle density functional theory (DFT) calculations are Us = 11.4 eV for 
AlN and 10.4 eV for HfN [11] while experimental values for Al and Hf are  
Us = 3.39 eV and 8.90 eV, respectively [12]. Finally, I employ very high ion-to-metal 
flux ratios, Ji /Jme = 8, compared to typical values of 0.3 for Berg and Kartadjiev.  
Further examination of the atomistic collisions taking place in the near-surface 
regions during ion-assisted film growth, i.e., within the first few atomic layers, helps to 
explain this unique phenomenon.  Let us first consider the energy transfer to film atoms 
from an impinging Ar+ ion. The ion undergoes the maximum energy transfer during 180° 
backscattering collisions. For a hard-sphere elastic collision between an Ar+ ion and a Hf 
atom, the energy transfer can be estimated as 4mHfmAr/(mHf+mAr)2Ei [13]. That is, 
approximately 0.6Ei is transferred to Hf; hence, the Ar is backscattered with energy Eb ~ 
0.4 Ei. However, an energetic Ar+ ion encountering an Al atom in a head-on collision 
transfers ~97% of its energy and is reflected back toward the surface with Eb of only 
~0.03Ei. Thus, a direct pathway of selective Al resputtering is the simple sequence of ion 
backscattered from a Hf atom followed by a collision with an Al atom on the way out.  
The reflection coefficient, based on TRIM calculations, of Ar+ impinging on a Hf 
surface atom is ~ 0.25. With Ji /Jme = 8, each deposited atom is, on average, struck by 
several energetic reflected ions. This energy is transferred extremely efficiently to Al 
atoms (~97%) and less efficiently to Hf atoms (~60%). With Hf1-xAlxN cohesive energies 
of ~ 10 eV there is a window of Eb energies for which Al is resputtered preferentially due 
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to more efficient momentum transfer, while Eb remains near or below the Hf sputtering 
threshold. N atoms will also be efficiently reflected in the backward direction. However, 
due to the substantial N2 partial pressure, excess N is continually supplied to the growth 
surface via collisionally-induced N2+ dissociation.  
A unique and positive aspect of achieving compositional control during film 
growth at near-threshold ion-irradiation energies (10-40 eV) is the lack of significant Ar 
trapping or residual ion-induced damage as indicated by the XRD and HR-RLM results 
showing very low compressive stress. SIMS results indicate a slight increase in AlN 
content from x = 0.0015 to 0.0025 at Ei > 60eV which can be attributed to the onset of 
forward Al scattering by incoming Ar+ ions.  
I apply this extraordinary SYA threshold effect to synthesize epitaxial  
Hf1-xAlxN/HfN superlattices by sequentially alternating Ei values. An example is shown 
in Fig. 6.6 in which a 50-nm-thick Hf0.7Al0.3N buffer layer is first grown with Ei = 10 eV, 
followed by 120 Hf0.7Al0.3N/HfN(001) bilayers in which Ei is switched between 40 eV 
for 4 s and 10 eV for 3 s. The deposition times were chosen to provide equi-thick, 1.6 nm 
layers. Dividing the total thickness of the superlattice film, as determined by XTEM, by 
the total number of bilayers, we obtain a bilayer period Λ = 3.2 nm, which is in excellent 
agreement with the positions of the SAED (inset, Fig. 6.6) and XRD (Fig. 6.6(c)) 
superlattice satellite reflections.  
The multilayer films can be represented by a modulated compositional wave with 
a period Λ, given by twice the layer thickness. Any arbitrary wave shape can be 
reproduced by a Fourier series of sine waves with increasing harmonic frequencies. 
Diffraction theory [14,15] predicts satellite peaks at angles of θ± about the Bragg 
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reflection at θB, the Bragg angle for the average film composition. The angles θ± are 
related to the x-ray wavelength λ and the compositional modulation period Λ by  
sin θ± = sin θB ± (λ / 2) Λ .    (5) 
A nonsinusoidal periodic function, such as a square wave, results in higher-order 
satellites at increasing separation from θB. Substituting the values of θ±, θB, and λ from 
Fig. 6.6(c) in Eq. (5) we obtain an average superlattice bilayer thickness Λ = 3.257 nm in 
good agreement with experimental results. 
The high-resolution STEM image in Fig. 6.6(b) confirms that the superlattice is of 
high crystalline quality with no detectable dislocations. The Z modulation in the growth 
direction due to the controlled manipulation of the AlN incorporation probability σAlN by 
modulating Ei between 10 and 40eV during film growth is clearly resolved. 
6.4 Conclusions 
The AlN incorporation probability in single-crystal Hf1-xAlxN(001) layers was 
controllably varied between ~ 0 and 100% by dynamically altering the energy Ei of Ar+ 
and N2+ ions incident at the growing film over a narrow range, 10 – 40 eV, near the 
sputtering threshold. Epitaxial film compositions (and AlN incorporation probabilities 
σAlN) vary from x = 0.3 (σAlN = 1) with Ei = 10 eV, to 0.27 (σAlN = 0.9) with Ei = 20 eV, 
0.17 (σAlN = 0.57) with Ei = 30 eV, to ≤ 0.002 (σAlN = 0.007) with Ei ≥ 40 eV. This 
extraordinary range in real-time manipulation of film chemistry during film deposition is 
due primarily to the efficient resputtering of Al atoms (27 amu) by Ar+ ions (40 amu) 
backscattered from heavy Hf atoms (178.5 amu) in the film. The effect is used to grow 
planar nitride alloy heterostructures and superlattices with abrupt interfaces at high 
deposition rates from a single metal alloy target by controllably switching Ei. The choice 
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of Ei values determines the layer compositions while the switching period controls the 
individual layer thicknesses.  
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6.6 Figures  
 
  
 
Figure 6.1 (a) Rutherford backscattering spectrometry profile of an eight-layer  
Hf1-xAlxN film grown by varying Ei from 10 to 80 eV in 10 eV increments. 
The deposition time for each layer is 120 s. (b) A narrow section of an ω-
2θ X-ray diffraction scan (2θ = 10 to 100°) from the multilayer film 
corresponding to (a). Only 002 and 004 film and substrate peaks are 
observed over the entire 2θ range. 
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Figure 6.2 HR-RLMs about the asymmetric   
€ 
1 1 3 reflections of an eight-layer  
Hf1-xAlxN/MgO(001) film in which Ei is varied in 10-eV-steps from 10 to 
80 eV. 
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Figure 6.3 A bright-field XTEM image from an eight-layer Hf1-xAlxN film in which 
Ei is varied in 10 eV steps from 10 to 80 eV. The upper right inset is a 
selected area electron diffraction pattern including contributions from both 
the film and substrate. The middle inset is a schematic diagram of the 
diffraction peaks. The symbol “x” denotes the transmitted beam position, 
while the squares, circles, and stars correspond to the substrate, the upper 
(Ei = 40-80 eV) portion of the film, and the lower (Ei = 10-30 eV) portion 
of the film, respectively. The lower right inset is a Z-contrast image of the 
Ei = 10, 20, 30, and 40 eV layers. 
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Figure 6.4 SIMS Al depth profile through an eight-layer Hf1-xAlxN film in which Ei is 
varied from 10 to 80 eV in 10 eV increments. The profile was obtained 
using a 12.5 kV O2+ primary beam while collecting sputter-ejected Al+ 
ions. Insets below are linear plots over the Ei ranges: 10-40 eV and 40-80 
eV.  
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Figure 6.5 The AlN incorporation probability vs. ion energy Ei obtained from SIMS 
depth profiles through an eight-layer Hf1-xAlxN film in which Ei is varied 
from 10 to 80eV in 10eV increments. 
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Figure 6.6 (a) A [100] zone axis XTEM image of an epitaxial Hf0.7Al0.3N/HfN 
superlattice grown on a 50-nm-thick Hf0.7Al0.3N buffer layer on MgO(001) 
by sequentially varying the ion energy Ei incident at the growing film 
between 10 and 40 eV during reactive magnetron sputter deposition from 
a Hf0.7Al0.3 alloy target. The inset is a selected-area electron diffraction 
pattern revealing satellite peaks in the growth direction resulting from the 
imposed 2D nanostructure. (b) A [100] zone axis high-resolution Z-
contrast image (showing atomic column contrast). (c) X-ray diffraction 
pattern about the 002 film peak “SL0” revealing satellite reflections “SL1” 
and “SL2”. 
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CHAPTER 7 
Hf1-xAlxN/HfN(001) SUPERLATTICES GROWN BY REACTIVE MAGNETRON 
SPUTTER DEPOSITION FROM A SINGLE Hf0.7Al0.3 ALLOY TARGET USING 
MODULATED HIGH-FLUX, LOW-ENERGY (10-40 eV) ION IRRADIATION 
 
7.1 Introduction 
In the previous Chapter, I presented a novel approach to varying the AlN 
concentration in single-crystal Hf1-xAlxN thin films. By adjusting the ion energy incident 
at the growing film surface over a narrow range, 10 – 40 eV, the AlN incorporation 
probability σAlN is controllably manipulated between ~0 and 100% during high-rate 
reactive sputter deposition from a Hf0.7Al0.3 alloy target. The layers in mixed N2/Ar 
atmospheres with an ion-to-metal flux ratio Ji/Jme incident at the growing film surface 
maintained constant at 8.  
The extraordinary range in real-time manipulation of film chemistry during 
deposition is due to the efficient resputtering of deposited Al atoms (27 amu) by incident 
Ar+ ions (40 amu) backscattered from heavy Hf atoms (178.5 amu) in the film. This 
provides a reaction pathway to synthesize, at high deposition rates, compositionally-
complex heterostructures, multilayers, and superlattices with abrupt interfaces from a 
single alloy target by controllably switching the kinetic energy Ei of ions incident at the 
film. For multilayer and superlattice structures, the choice of Ei values determines the 
layer compositions and the period of ion incidence controls individual layer thicknesses.  
 In this Chapter, I present the results of an investigation into the growth and 
physical properties of Hf0.7Al0.3N/HfN(001) superlattices, with bilayer periods Λ ranging 
from 1 to 6 nm. High-quality epitaxial Hf0.7Al0.3N/HfN layers are grown on MgO(001) at 
450 °C using ultrahigh-vacuum magnetically-unbalanced reactive magnetron sputter 
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deposition from a Hf0.7Al0.3 alloy target in 5% N2/Ar mixtures at a total pressure of 20 
mTorr. The experiments are designed to produce layers with average alloy compositions 
<x> ≈ 0.15 so that comparisons can be made to bulk samples grown under similar 
conditions, but without modulation of the alloy content.  
High-resolution reciprocal lattice maps (HR-RLMs) as well as high-resolution 
TEM and STEM cross-sectional analyses show that the films are fully-relaxed single 
crystals with a cube-on-cube epitaxial relationship to the substrate, 
(001)HfAlN/HfN||(001)MgO and [100]HfAlN/HfN||[100]MgO. The mechanical properties of  
Hf1-xAlxN(001) layers can be significantly enhanced by modulating the ion-energy during 
film growth to create superlattices with abrupt interfaces. Ei incident at the growing film 
is varied from 10 to 40 eV, while Ji/Jme is maintained at 8. Hf0.7Al0.3N/HfN(001) 
superlattice nanoindentation results show that film hardness increases from 32.5±0.9 GPa 
with Λ = 6.2±0.2 nm to a maximum of 38±1 GPa with Λ = 2  nm.  
 In these experiments, two sets of samples are grown. The first is combinatorial. A 
30-nm-thick Hf0.7Al0.3N(001) buffer layer is grown first, followed by seven 
Hf0.7Al0.3N/HfN(001) bilayers. The ion incidence period τ of one of the constituent 
layers, either Hf0.7Al0.3N (Ei = 10 eV, τHfAlN) or HfN (Ei = 40 eV, τHfN), is systematically 
varied in steps from 9 s to 0.5 s while maintaining τ for the second layer constant at 9 s. 
These superlattice structures serve both for deposition rate calibration and for comparison 
to results obtained from bulk single layers (0.5-µm-thick) grown under similar deposition 
conditions [1].  
 The deposition rate calibration plots are used to grow a second set of 0.5-µm-thick 
Hf0.7Al0.3N/HfN(001) superlattices, composed of equi-thick constituent layers with total 
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bilayer thicknesses Λ ranging from 1 to 6 nm. High-resolution cross-sectional STEM 
(HR-XSTEM) and nanoindentation analyses are used to characterize the 2D-engineered 
nanostructures.  
7.2 Results and discussion 
Fig. 7.1 is a typical [100] zone-axis XSTEM image of an eight-layer 
Hf0.7Al0.3N/HfN(001) combinatorial superlattice sample consisting of a 30-nm-thick 
Hf0.7Al0.3N(001) buffer layer, grown using Ei = 10 eV (σAlN = 1), followed by seven 
bilayers (grown by alternating Ei between 10 and 40 eV [2]), with total bilayer deposition 
times of 120 s. The thicknesses of the HfN layers are varied in a step-wise fashion by 
systematically adjusting τHfN every 120 s from 9 s to 7 s to 5 s, 3 s, 1 s, 0.5 s, and then 
back to 5 s (included to verify reproducibility). The Hf0.7Al0.3N constituent of the bilayers 
is maintained at constant thickness, 4.9±0.1 nm, resulting in total bilayer thicknesses Λ 
ranging from 5.0±0.1 to 8.3±0.1 nm (see Fig. 7.1) along the growth direction. 
Superlattice structures were also grown in which τHfN is held constant at 9 s while τHfAlN 
systematically varied. 
Bilayer thicknesses Λ are obtained from intensity line scans along the growth 
direction of XSTEM images and plotted as a function of τHfN and τHfAlN in Fig. 7.2. A 
least squares fit of the data points yields the deposition rates of the HfN  
(0.38±0.01 nm s-1) and Hf0.7Al0.3N (0.53±0.01 nm s-1) constituent layers. The results 
correspond well with previously reported deposition rates of Hf1-xAlxN single layer films 
grown under the same conditions [2]. The measured deposition rates are used to grow a 
series of superlattices with equi-thick layers and increasing bilayer periods Λ ranging 
from 1.0±0.1 to 6.2±0.2 nm. 
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The atomic-column resolution in XSTEM micrographs (e.g. Fig. 7.1), together with 
continuous lattice fringes throughout and the absence of any visible dislocations, indicate 
that the films are of high crystalline quality. The XSTEM images reveal abrupt interfaces 
between compositional modulations. The intensity along the growth direction is a 
monotonic function of the mean square Z of the atomic columns. 
 Fig. 7.3 is a series of typical 2θ-ω scans obtained from a set of 0.5-µm-thick 
Hf0.7Al0.3N/HfN(001) superlattices, with equi-thick Hf0.7Al0.3N and HfN layers, as a 
function of Λ. Only 002 and 004 Cu Kα reflections from Hf1-xAlxN, the average 
composition of the Hf0.7Al0.3N/HfN bilayers, and MgO are observed over the entire 2θ 
range investigated, 10 to 110°. For clarity, all scans are offset vertically and only the 
sections of the diffractograms from 2θ = 30 to 42 ° (i.e. in the vicinity of the Hf1-xAlxN 
002 film peak at 39.72±0.04° 2θ) are shown. The fact that the 002 film peak position 
does not change indicates constant average alloy composition throughout the sample 
series. The primary Hf1-xAlxN 002 peak position corresponds to average interplanar 
spacings d002 equal to 0.2270 nm, indicating average alloy composition <x> ≈ 0.15, in 
good agreement with previously reported d002 values of 0.2270 for Hf0.87Al0.13N single-
crystal layers [1]. Satellite peaks, adjacent to the 002 and 004 Hf1-xAlxN reflections, 
resulting from the step-wise modulation of electron density in the growth direction of the 
film, are clearly resolved and shift to continuously larger separations from the primary 
reflections. 
Diffraction theory for superlattice structures [3,4] predicts satellite peaks at angles 
θ± about the Bragg reflection θB corresponding to the average film composition. The 
angles θ± are related to the x-ray wavelength λ and the superlattice compositional 
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modulation period Λ through the expression [5]: 
sin θ± = sin θB ± (λ / 2) Λ .    (1) 
A nonsinusoidal periodic function, such as a square wave, results in higher-order 
satellites at increasing separation from θB. Substituting the measured values of θ±, θB, and 
λ from Fig. 7.3 into Eq. (1) yields average superlattice bilayer thicknesses Λ = 1.0±0.2, 
2.1±0.1, 3.0±0.1, 4.0±0.1, 5.0±0.1, and 6.2±0.2 nm in good agreement with 
experimentally designed values of 1 to 6 nm based upon the measured deposition rates. 
 Typical HR-RLMs about symmetric 002 and asymmetric 113 film and substrate 
reflections are presented in Figs. 7.4 and 7.5, respectively, for a Hf0.7Al0.3N/HfN(001) 
superlattice with equi-thick layers and Λ = 6.2 nm. Diffracted intensity distributions are 
plotted as isointensity contours as a function of the reciprocal lattice vectors k|| parallel 
and k⊥ perpendicular to the surface. k|| and k⊥ are related to peak positions in ω-2θ space 
through the relationships [5,6], 
 k|| = 2rEsin(θ)cos(ω-θ) (2) 
and  
 k⊥ = 2rE sin(θ)sin(ω-θ), (3) 
where rE is the Ewald sphere radius given by rE = 1/λ.   
 The vertical separation between the film and substrate diffracted intensity 
distributions in Fig. 7.4 corresponds to an average lattice mismatch in the growth 
direction of 7.82% for the Hf0.7Al0.3N/HfN multilayer sample yielding an average out-of-
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plane lattice parameter a⊥= 0.4541 nm. This is in good agreement with previously 
reported values of a⊥= 0.4535 nm for single crystal Hf0.83Al0.17N alloy films grown under 
similar deposition conditions by reactive sputter codeposition from elemental Hf and Al 
targets. Multiple satellite reflections aligned along [001] resulting from the imposed 2D 
superlattice structure are also clearly resolved. The fact that the substrate, film, and 
satellite peaks are all along [001], with no measureable offset along [100] show that 
single crystal Hf0.7Al0.3N/HfN superlattices have very low mosaicity. The average tilt 
angle between mosaic blocks in the film was calculated to be less than 0.2 °, compared to 
that of the bulk single crystal substrate of 0.01 °. 
 For an asymmetric 113 reflection from an 001 oriented NaCl-structure sample, 
such as the one presented in Fig. 7.5, the in-plane a|| and out-of-plane a⊥ lattice 
parameters are given by   
€ 
a|| = 2 k||  and   
€ 
a⊥ = 3 k⊥. Average relaxed bulk Hf1-xAlxN(001) 
lattice parameters
€ 
ao are determined from   
€ 
a|| and 
€ 
a⊥ values through the relationship  
 
  
€ 
ao = a⊥ 1  −
2ν(a⊥ − a|| )
a||(1+ν )
⎛ 
⎝ 
⎜ ⎜ 
⎞ 
⎠ 
⎟ ⎟ 
,
 (4) 
where ν is the film Poisson ratio.  The residual in-plane strain   
€ 
ε|| is defined as 
 
  
€ 
ε|| =
a|| − ao
ao
.                                                         (5) 
The fact that the substrate and layer peaks in Fig. 7.5 are misaligned along [001] indicates 
the presence of in-plane-strain relaxation. All samples contain a small amount of residual 
compressive strain   
€ 
ε||, –0.5±0.2 %, which is primarily accounted for by differential 
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thermal contraction during sample cooling following deposition at 450° C. The thermal 
expansion coefficients for HfN and MgO are 6.9×10-6 K-1 [7] and 1.3×10-5 K-1 [8], 
respectively, resulting in a strain of -0.38%, which is identical, within experimental 
uncertainty, to the measured strains. Thus, the superlattice structures are essentially fully 
relaxed at the growth temperature. 
The average in-plane lattice parameter   
€ 
a|| for the sample in Fig. 7.5 is 0.4493 nm.  
Substituting a|| and a⊥ values, together with a Poisson ratio ν of 0.25, into Eq. (4) yields 
an average relaxed lattice parameter 
€ 
ao of 0.4521 nm for the Hf0.7Al0.3N/HfN multilayer.  
While the Poisson ratio of Hf1-xAlxN is unknown, ν values for related cubic TM nitrides 
vary only from 0.211 for TiN [9] to 0.29 for CrN. [10] We choose an average value of 
0.25 for determining the relaxed lattice constant 
€ 
ao of Hf1-xAlxN. The uncertainty in 
€ 
ao 
introduced by νHfAlN is only ±0.00002 nm (±0.004%). Moreover, the 
€ 
ao results are in 
agreement with previously reported values for Hf0.83Al0.17N [1]. 
HR-TEM bright-field images (not shown here) of the film/substrate interface 
confirm the epitaxial nature of the layers. However, the atomic column resolution of the 
HR-XSTEM images in Figs. 7.6 and 7.7 (discussed below) reveal continuous lattice 
fringes throughout the film. These results, together with SAED patterns (not shown here) 
centered at the film/substrate interface, XRD grazing-incidence 2θ scans, and XRD ϕ 
scans about asymmetric (022) film and substrate peaks confirm that Hf0.7Al0.3N/HfN 
superlattice layers grow with cube-on-cube orientational relationship to the substrate: 
(001)HfAlN/HfN||(001)MgO and [100]HfAlN/HfN||[100]MgO. 
Fig. 7.6 is a typical [100] zone axis HR-XSTEM micrograph, with corresponding 
SAED patterns, from a 0.5-µm-thick epitaxial Hf0.7Al0.3N/HfN(001) superlattice. The 
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alloy buffer layer clearly shows the 3D self-organized spinodal nanostructure with a 
periodicity of ~1.5 nm discussed in Chapter 4. The image contrast in the superlattice 
structure arises from alternating darker Hf0.7Al0.3N layers, with lower average Z, and 
lighter HfN layers with higher average Z.  While the HfN layers are of nearly uniform 
intensity, the Hf0.7Al0.3N sublayers exhibit nanoscale intensity modulation along the plane 
of the slab similar to that in the alloy buffer layer. Thus, the superlattice superimposes an 
engineered 2D nanostructure on the self-organized 3D-nanostructure driven by surface-
initiated spinodal decomposition. 
SAED patterns, obtained with a 0.4 µm diameter aperture, from the Hf0.7Al0.3N 
buffer layer and Hf0.7Al0.3N/HfN superlattice, contain only symmetric single-crystal 
reflections arising primarily from the average bulk alloy composition of Hf0.85Al0.15N (the 
buffer layer is only 30 nm thick), as shown in the upper and middle left of Fig. 7.6. A 
closer examination of the diffracted intensity neighboring the primary 002, 022, and 020 
reflections reveals satellite spots along the [001] and [010] directions due to periodic 
compositional modulations associated with a coherent superimposed 2D heterostructure 
and self-organized 3D nanostructure [11]. This is shown more clearly in the higher-
magnification view of the 020 reflection in Fig. 7.7(b). Only first-order satellites, with no 
higher-order reflections, were observed as is typical during the early stages of phase 
decomposition in metastable solid solutions [12]. The satellite spots are depicted 
schematically in the bottom left of Fig. 7.6. The compositional modulation associated 
with such behavior can be described as consisting of small domains of periodic 
modulation and agrees with the behavior seen in the HR-XSTEM image in Fig. 7.6. 
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The ratio of the separation between the satellite and fundamental reflections to the 
separation between the transmitted beam and the (l00) reflection is equal to the ratio of 
ao/l to Λ, where Λ is the modulation wavelength. Using this relation with the 
measurements along the [010] direction of the 020 reflection in Fig. 7(b) yields Λ = 1.9 
nm which is in good agreement with the structures observed in the HfAlN buffer layer as 
well as within the AlN-containing layers of the superlattice structured overlayer. In 
addition, simple scattering theory predicts that the inner first-order satellite peaks (i.e., 
those closer to the transmitted beam) should have higher intensities, as we observe, when 
the scattering factor and the lattice constant modulation are in phase [12]. That is, the 
heavier constituent should have the larger lattice constant as is the case for the HfN-rich 
component with nearly seven times the atomic mass and 10% larger lattice constant than 
the AlN-rich component. The separation between the 020 reflection and superlattice 
satellite spots along the growth direction corresponds to Λ = 3.0±0.1 nm and is in 
agreement with x-ray diffraction data as well as the lattice-resolution image presented in 
Fig. 7.7(a).  
High-angle annular dark field HAADF images, obtained with an objective 
aperture centered in the area of the satellite peaks along [001] and [010], and indicated as 
dotted white circles, are presented in Fig. 7.7(c), and Fig. 7.7(d), respectively. The 
HAADF of Fig. 7.7(c) reveals a superposition of the 2D superlattice and 3D spinodal 
structures, as expected, while the HAADF image in Fig. 7.7(d) shows primarily the self-
organized 3D structure. 
The hardness H of the Hf0.7Al0.3N/HfN(001) superlattice structures is presented in 
Fig. 7.8 as a function of the modulation period Λ. Measured values for the two 
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constituent layers, HfN (25.2±0.7 GPa [13]) and Hf0.7Al0.3N (32.4±0.7 GPa [2]) are 
shown for reference. The increased hardness of the Hf0.7Al0.3N film is due to the 
combination of coherent spinodal interfaces plus the superlattice structure. For Λ = 1 nm, 
the hardness is essentially identical to that of the alloy sublayer. For Λ-values of 2-3 nm, 
we observe an increase in hardness by 18% to 38.5 GPa. A gradual decrease to the 
hardness of 32.5 GPa is obtained as the superlattice period is increased to 6 nm. The 
observed tendency with a maximum of the hardness at 2-3 nm is in agreement with 
previous results for hardness increase in coherent nanolayers of transition metal nitrides 
[14], and mainly due to differences in elastic shear moduli of HfN and AlN and to a 
lesser extent, due to coherency strain effects on limiting dislocation generation and 
propagation. [15,16].  
Helmersson, et. al. [14] were the first to report superhardening in artificially 
multilayered hard coatings consisting of TiN/VN(001), as Λ is decreased to the 
nanometer regime. Koehler [17] predicted that this is due to dislocation blocking at 
interfaces between layers with large differences in shear moduli µ. Specifically, a critical 
shear stress σc is required to move a dislocation across an abrupt interface AB, where 
€ 
σc =
µA − µB
µA + µB
.  
7.3 Conclusions 
High-quality epitaxial Hf0.7Al0.3N/HfN layers are grown on MgO(001) at 450 °C 
using ultrahigh-vacuum magnetically-unbalanced reactive magnetron sputter deposition 
from a Hf0.7Al0.3 alloy target in 5% N2/Ar mixtures at a total pressure of 20 mTorr. The 
experiments are designed to produce layers with average alloy compositions <x> ≈ 0.15 
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so that comparisons can be made to bulk samples grown under similar conditions, but 
without modulation of the alloy content.  
High-resolution reciprocal lattice maps (HR-RLMs) as well as high-resolution 
TEM and STEM cross-sectional analyses show that the films are fully-relaxed single 
crystals with a cube-on-cube epitaxial relationship to the substrate, 
(001)HfAlN/HfN||(001)MgO and [100]HfAlN/HfN||[100]MgO. The mechanical properties of  
Hf1-xAlxN(001) layers can be significantly enhanced by modulating the ion-energy during 
film growth to create superlattices with abrupt interfaces. Ei incident at the growing film 
is varied from 10 to 40 eV, while Ji/Jme is maintained at 8. Hf0.7Al0.3N/HfN(001) 
superlattice nanoindentation results show that film hardness increases from 32.5±0.9 GPa 
with Λ = 6.2±0.2 nm to a maximum of 38±1 GPa with Λ = 2  nm. 
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7.5 Figures 
	  
Figure 7.1   A [100] zone-axis Z-contrast scanning XTEM micrograph from an 
epitaxial set of Hf0.7Al0.3N/HfN(001) superlattice layers grown on a 30-
nm-thick Hf0.7Al0.3N buffer layer on MgO(001) at 450 °C while 
controllably alternating Ei between 10 eV (Hf0.7Al0.3N) and 40 eV (HfN). 
The Hf0.7Al0.3N (darker contrast, lower Z) layers are grown for τHfAlN = 9 s 
(constant- thickness layers) while τHfN for the HfN (brighter contrast) 
layers are systematically varied from 9 s to 0.5 s, then back to 5 s.  
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Figure 7.2  Plot of bilayer thickness Λ vs. period of ion incidence τ obtained by 
measuring the thickness between intensity maxima from line-scans of HR-
XSTEM micrographs (such as Fig. 1) of two epitaxial 
Hf0.7Al0.3N/HfN(001) superlattice structures grown on a 30-nm-thick 
Hf0.7Al0.3N buffer layer on MgO(001) at 450 °C while controllably 
alternating Ei between 10 eV  (Hf0.7Al0.3N) and 40 eV (HfN). The 
Hf0.7Al0.3N layers are grown for τHfAlN = 9 s (constant thickness layers) 
while τHfN for the HfN layers is systematically varied from 9 s to 0.5 s, and 
vise versa. 
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Figure 7.3   XRD 2θ-ω scans from 0.5-µm-thick epitaxial Hf0.7Al0.3N/HfN(001) 
superlattice structures grown on a 30-nm-thick Hf0.7Al0.3N buffer layer on 
MgO(001) at 450 °C while controllably alternating Ei between 10 eV  
(Hf0.7Al0.3N) and 40 eV (HfN). 
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Figure 7.4   HR-RLM about the 002 film and substrate reflections of an epitaxial 
Hf0.7Al0.3N/HfN(001) superlattice layer (Λ = 6.2 nm), grown on a 30-nm-
thick Hf0.7Al0.3N buffer layer on MgO(001) at 450 °C while controllably 
alternating Ei between 10 eV  (Hf0.7Al0.3N) and 40 eV (HfN). 
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Figure 7.5   HR-RLM about the 113 film and substrate reflections of an epitaxial 
Hf0.7Al0.3N/HfN(001) superlattice layer (Λ = 6.2 nm) grown on a 30-nm-
thick Hf0.7Al0.3N buffer layer on MgO(001) at 450 °C while controllably 
alternating Ei between 10 eV (Hf0.7Al0.3N) and 40 eV (HfN). 
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Figure 7.6  A [100] zone axis high-resolution Z-contrast XSTEM micrograph from an 
epitaxial Hf0.7Al0.3N/HfN superlattice, with equi-thick layers, grown on a 
30-nm-thick Hf0.7Al0.3N buffer layer on MgO(001) at 450 °C while 
controllably alternating Ei between 10eV  (Hf0.7Al0.3N) and 40eV (HfN). 
SAED patterns are presented in the upper left and at higher resolution in 
the middle left side.  A schematic SAED, including satellite reflections, is 
shown in the lower left. 
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Figure 7.7  (a) A [100] zone axis high-resolution Z-contrast XSTEM micrograph from 
an epitaxial Hf0.7Al0.3N/HfN superlattice, with equi-thick layers, grown on 
a 30-nm-thick Hf0.7Al0.3N buffer layer on MgO(001) at 450 °C. (b) SAED 
patterns from the same sample. (c) and (d) are dark field images of the 
satellite reflection intensities resulting from the 2D superimposed and 3D 
self-organized nanostructures, respectively (as indicated by the dotted 
circles in the SAED pattern insets). 
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Figure 7.8  Nanoindentation hardness of Hf0.70Al0.30N/HfN(001) superlattices plotted 
vs. period, Λ. The superlattice structures were grown on MgO(001) at  
Ts = 450 °C with fN2 = 0.05, PT =20mTorr, and Jion/Jme = 8, while 
modulating the ion energy incident Ei at the growing film between 10 eV 
and 40 eV to controllably manipulate the AlN incorporation probability, 
σAlN.  
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CHAPTER 8 
CONCLUSIONS 
 
 Metastable TM1-xAlxN alloys are of technological importance for applications 
such as hard wear-resistant coatings on cuttings tools, diffusion barriers in 
microelectronic devices and chemical and abrasion-resistant tunable-reflectance optical 
layers. Ti1-xAlxN is the most famous and commercially successful TM nitride alloy 
system, due to its increased high-temperature oxidation resistance, age-hardening 
behavior and the ability to tune its optical and electronic properties as a function of alloy 
composition. Many of these desirable properties are accompanied by the high-
temperature formation of coherent compositionally-modulated domains, due to the onset 
of spinodal decomposition. However, very little is known about the effects of adding 
semiconducting AlN to metallic TM nitrides as well as the role ion-irradiation plays on 
nanostructure formation as well as fundamental physical properties, due to the lack of 
high-quality single crystals. In this thesis, I have employed a unique synthesis technique 
involving low growth temperatures, high deposition rates, and high-flux low-energy ion 
bombardment during reactive magnetron sputter deposition, which acts to extend the 
single-phase field of Hf1-xAlxN, in order to conduct a systematic investigation into the 
effects of AlN incorporation and ion irradiation on nanostructure formation and 
fundamental film properties. 
I grew Hf1-xAlxN layers, in which x was varied from 0 to 0.54, on MgO(001) at Ts 
= 600 °C in 10 % mixed discharges at a total pressure of 7 mTorr. XRD and TEM 
analyses show that Hf1-xAlxN layers with 0 ≤ x ≤ 0.50 crystallize in the B1 NaCl-structure 
8.1 Conclusions 
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with cube-on-cube epitaxial relationship to the substrates: (001)(Hf,Al)N||(001)MgO and 
[100](Hf,Al)N||[100]MgO, while epitaxial growth is lost with x = 0.54 and films contain a 
AlN-rich wurtzite phase. The relaxed lattice parameter of Hf1-xAlxN(001) decreases with 
increasing x, ranging from 0.4519 nm for x = 0 to 0.4438 nm for x = 0.50. In the low 
AlN-content region, with 0 ≤ x ≤ 0.17, Al is randomly distributed throughout the cation 
sublattice. This creates small changes in the electronic properties due to increased alloy 
scattering and enhanced crystalline quality. With x ≥ 0.19, there is a step-wise increase in 
ρ300K(x) to 75 µΩ-cm and TCR decreases, due to increased carrier scattering resulting 
from the formation of compositionally-modulated HfN- and AlN-rich nanodomains. The 
hardness H of Hf1-xAlxN is also dominated by the nanostructure formation, undergoing a 
~30% increase to 32.4 ± 0.7 GPa with x = 0.29. As x increases to 0.32, ρ300K(x) increases 
to 299 µΩ-cm, Neff decreases linearly, and TCR becomes negative. The Bruggeman 
effective medium approximation is used to interpret the dielectric response of Hf1-xAlxN 
layers. With 0.21 ≤ x ≤ 0.32, the material can be described as a percolated network of 
spherical metallic clusters, and thus films are metallic. With x ≥ 0.37, the volume fraction 
of metallic HfN drops below the percolation limit and induces drastic changes in the 
electronic properties. Neff becomes temperature-dependent and drops two orders of 
magnitude, while ρ(T) increases rapidly with decreasing T; both are indicative of carrier 
localization. 
I also grew Hf1-xAlxN layers by reactive magnetron sputter deposition from a 
Hf0.7Al0.3 alloy target, in order to study the effects of ion-irradiation on the growth and 
physical properties of as-deposited layers. The effect of high-flux (Ji/Jme = 8) low-energy 
(Ei = 10-40 eV) ion irradiation during film growth has a strong effect on the composition 
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of Hf1-xAlxN(001) layers. The composition of Hf1-xAlxN(001) layers grown by reactive 
sputter deposition from a Hf0.7Al0.3 alloy target vary from x = 0.3 with Ei = 10 eV, to 0.27 
with Ei = 20 eV, 0.17 with Ei = 30 eV, and ≤ 0.002 with Ei ≥ 40 eV. This remarkably 
large change in AlN incorporation probability (> two orders of magnitude!) is due to the 
efficient resputtering of deposited Al atoms (27 amu) by Ar+ ions (40 amu) backscattered 
from heavy Hf atoms (178.5 amu) in the film. This provides a novel and robust reaction 
pathway for synthesizing, at high deposition rates, compositionally-complex 
heterostructures, multilayers, and superlattices from a single alloy target simply by 
controllably switching Ei. For multilayer and superlattice structures, the choice of Ei 
values determines the alloy composition while the period of ion incidence determines 
individual layer thicknesses. This growth scenario has the effect of superimposing a 2D 
engineered heterostructure on the 3D self-organized nanostructure within the individual 
Hf0.7Al0.3N superlattice layers. This allows further optimization of the mechanical 
properties of Hf1-xAlxN alloys, as the hardness H of Hf0.7Al0.3N/HfN(001) multilayers 
increases from 32.5±0.9 GPa with bilayer thickness Λ = 6.2±0.2 nm to a maximum of 
38±1 GPa with Λ = 2  nm.  
 Based upon the results achieved in this thesis, I suggest the following direction for 
future research on Hf1-xAlxN: 
1. Measurement of the elastic compliances c11, and c44, as well as Poison’s ratio of 
single-crystal Hf1-xAlxN layers as a function of x. 
2. Measurement of the thermal conductivity of single-crystal Hf1-xAlxN layers as a 
function of x. 
8.2 Future research 
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3. Measurement of the thermoelectric properties, namely the Seebeck coefficient, of 
single-crystal Hf1-xAlxN layers as a function of x. 
4. Characterize the mechanical properties and thermal stability of single-crystal  
Hf1-xAlxN layers as a function of x and temperature. 
5. A systematic investigation of the growth and physical properties of Hf1-xAlxN/HfN 
multilayers as a function of x and bilayer thickness Λ. 
6. A systematic investigation of the growth and physical properties of polycrystalline 
Hf1-xAlxN layers as a function of x. 
7. A systematic investigation of the growth, and physical properties of amorphous  
Hf1-x-yAlxSiyN layers as a function of x and y using high-flux low-energy ion 
bombardment during reactive magnetron sputter deposition from a Hf1-x-yAlxSiy alloy 
target, in order to develop a novel route for synthesizing amorphous/crystalline 
multilayered structures for hard-coating, thermal barrier, and thermoelectric 
application. 
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